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Abstract

The application of powder metallurgy (PM) technologies to the manufacturing of Oil
& Gas turbomachineries’ components was investigated in the course of research
collaboration with the Material and Processes Engineering Department of General
Electric Oil & Gas (Italy). The thesis focused on the study of the pressure-assisted
Hot Isostatic Pressing technology for the processing of the corrosion resistant Nibase alloy N07626.
The densification behaviour of the N07626 metal powder in condition of pressure
assisted sintering was investigated by experiments conducted on a small scale by
uniaxial hot pressing condition using a Spark Plasma Sintering (SPS) machine in the
aim of extending the result to the initial stage of densification of HIP. The SPS
exepriments demonstrated that the densification rate is strongly affected by the
process temperature and it is less sensitive to the variation of applied pressure.
The microstructure and mechanical properties of full-dense HIPped N07626 alloy,
produced according to a fixed proprietary cycle and several experimental deviations
were analyzed. The microstructure was studied by Optical Metallography, Scanning
Electron Microscopy, Energy Dispersed X-Ray Spectroscopy and Electron
Backscatter Diffraction. The mechanical properties of the alloy were assessed by
tensile testing, conventional and instrumented Charpy V-Notch testing, JIC fracture
toughness tests and fatigue crack growth rate testing.
The tensile and impact toughness properties resulted sensitive to the local
accumulation of oxygen in Oxygen Affected Zones (OAZs), that leads to a ductile to
brittle

transition in the impact toughness of the material. Two models for

formation of OAZs were proposed based on the phase transformation and the
oxidation/reduction reactions taking place in the HIP. The mechanical properties
were discussed on the base of the microstructure of the Prior Particle Boundaries
(PPBs) interface, focusing of the phase transformation products, represented by a
thin layer of submicrometric oxides and carbides. The fracture mode was explained
by the analogy with models of ductile micro-mechanisms of void nucleation and
coalescence and with fracture models of particulate reinforced metal-matrix7

composite. The Charpy impact toughness and the fracture toughness were
correlated to the oxygen concentration and to the density of inclusions. The fatigue
crack propagation behavior was discussed focusing on the effect of clustering of
inclusions on the crack propagation path. A relation between the Paris slope with the
impact toughness was found. Finally the increase of processing temperature (HIP
and heat treatment) was found significanty beneficial for the toughness. This effect
was investigate by grain-size analysis and was proposed to be related to a reduction
of density of PPBs inclusions.
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Chapter I
Powder metallurgy technologies for critical components of Oil & Gas
Turbomachineries
1.1 - Introduction
There are many reasons to introduce powder metallurgy into the
manufacturing processes of industries producing turbomachineries for the Oil & Gas
market. The benefits of such introduction range from an intrinsic improvement of the
physical and mechanical properties of the materials used, to new design capabilities
made possible by novel geometrical complexity, to a dramatic optimization of the
current machining practices through a dramatic saving of raw material to remove.
These benefits apply also to the most critical components of O&G Turbomachineries,
whose failure would cause an onerous loss of production and also serious impact for
the safety of the workers and of the environment.
This work presents part of the results of research activities conducted during
the PhD in collaboration with the Materials and Processes Engineering department
of General Electric Oil & Gas (Italy) concerning the introduction of powder metallurgy
(P/M)

technologies

for

the

manufacturing

of

components

for

several

turbomachineries for the Oil & Gas market. These activities investigated the
application of two P/M technologies, pressure-assisted sintering and Additive
Manufacturing by 3D laser printing, to the processing of three categories of metallic
alloys: Ni-base superalloys, titanium alloys and stainless steel. The thesis describes
the most relevant results of a single P/M technology known as Hot Isostatic Pressing
applied to the processing of corrosion resistant Ni-base superalloy.
The HIP[1,2] is a pressure-assisted sintering process to fully consolidate a
volume of metal powder in a body without any porosity and with outstanding
mechanical properties. This result is obtained by the combination of temperatureactivated diffusive solid-state mechanisms that are enhanced by the simultaneous
action of a relatively high external pressure. This pressure is applied hydrostatically
on the surface of the volume of metal powder, by a transmitting medium, usually high
12

pressurized inert gas. The volume of powder must be separated by the pressuring
medium by a shell able to deform plastically as the volume of powder shrink for the
densification of the powder. This shell is usually made up of an assembled mild steel
capsule when the HIP temperature, usually fixed close to 0.7 of the melting
temperature of the consolidating powder, is below the melting point of the steel.
A very explicative scheme of a typical HIP cycle for the consolidation of stellite
powder is shown in fig. 1 adapted from [3]. The picture represents the stages of a
commercial cycle: a rump-up in which the temperature and the pressure inside the
chamber are raised uniformly, a dwell stage with fixed temperature and pressure and
a slow cooling. A HIP cycle lasts usually several hours. The picture show also a
measure of the capsule (called “can”) shrinkage and three metallographies of the
compacting powder at three consecutive instants of the cycle with increasing density:
this picture indicates also that most of the densification occurs in the heating rumpup, while the hold-time is effective for the complete closure of residual porosity and
for the effective sintering of the powder.

Fig 1: Scheme of a HIP cycle, adapted from Ref. [3]. Pressure and temperature are indicated in
the left axis, the shrinkage of the capsule (can) on the right. Three metallographies of the
sample in different compacting stages are shown.
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HIP provides numerous metallurgical and technological advantages: a
consolidated body is basically devoid of macroscopic defects such as porosity and
macro-segregation; any material properties is essentially uniform in all the location of
the part and isotropous due to the substantial hydrostatic external pressure; the gran
size can be kept fine with implication in term of strength and resistance to corrosion
as the case to certain stainless steel.
Finally a proper design of the capsule enables a full net-shape[4,5]
manufacturing similar to casting: after the consolidation the steel capsule can be
easily removed by chemical pickling. This technological solution is particularly
effective when the conventional machining operations are considerably expensive
and time consuming as the case for hard and strong materials like Ni-base
superalloys. The advantages of this technological solution for Ni-base superalloys
were discussed in detail in [6].
As discussed elsewhere, an advanced net shape engineering of the process
is not an easy task. In spite of the name, the densification of a hipped part deviates
appreciably from an ideal isotropic shrinkage since the final shape is modulated by
the stiffness of the metal capsule, particularly effective in the early stage of the
densification, when the strength of the capsule is still effective[4]. Any modeling of
such a process must account for variation in volume of more than 30 % of the initial
volume of powder.
This chapter introduces the physical basis of the consolidation of metal
powder by hydrostatic pressure-assisted sintering, examining both the microscopic
physical mechanisms responsible of the densification and a short survey of the
macroscopic continuum models applied for the prediction of the densified final
shape.

1.2 – Basic concepts of Hot Isostatic Pressing
The Hot Isostatic pressing of metal powders was defined as a pressureassisted sintering technique. A sintering process consists in a thermally-activated
consolidation (densification and formation of the metallic bonding between the
particles) of a porous medium by microscopic mass-transport mechanisms[2], in
14

which the driving force of the process is given by the minimization of the surface
energy ES=AγS of the pores (A is the total surface of the pores, γS is the specific
surface energy of the material) by the pore closure. In this work only solid-state
sintering processes will be illustrated. The mass-transport mechanisms during
sintering are various, including volume diffusion, surface diffusion, grain-boundary
diffusion, vapor transport, plastic or viscous flow; all these mechanisms will be briefly
described later.
The driving force of the ES minimization can be thought as a pressure acting
in-ward on the external surface of each pore. If a crystalline porous medium of mean
grain size G is idealized as being characterized by spherical pores of diameter d - a
simplifying assumption representing a late sintering stage - the inherent sintering
pressure can be expressed as[8]:

𝜎=

2𝛾𝑆𝑆
𝐺

+

2𝛾𝑆𝑉
𝑑

(I.1)

where 𝛾𝑆𝑆 is the surface energy associated to grain boundaries and 𝛾𝑆𝑉 is the
solid-vapour surface energy associated to the interface of the pore between the solid
and the vapor phase present inside the pore. In a final stage usually 𝛾𝑆𝑆 < 𝛾𝑆𝑉 and
𝑑 ≪ 𝐺, so the first term of the equation (1) can be neglected and the sintering
pressure is equal to the capillary force due to the pore curvature.
An actual sintering process of a porous medium like a metal powder is a much
more complex process involving several stages as described in fig. 1, adapted
from[1]. When metal particles are packed, the volume among them is treated as
pores: in the early stage of sintering all the pores are connected, so this status is
referred as open porosity. All the solid-state mass-transport mechanisms lead to the
progressive formation of contacts, “necks”, among particles, disconnecting the
cavities among particles (regime of closed porosity). The porosity of the medium
decreases as the necks develop, determining an increase of the fraction density of
the medium 𝐷 = (𝑉𝑡𝑜𝑡 − 𝑉𝑝𝑜𝑟𝑒𝑠 )/𝑉𝑡𝑜𝑡 , where Vtot indicates the volume of the
whole medium. At the later stages of the process the pores tend to spherodize and
are usually encapsulated inside grain boundaries.
15

Fig 2: A sketch representing the general sintering stages in a metal powder. Adapted
from Ref. from [1]

Sintering determines a densification rate that can be modelled as [7]:
𝑑𝐷
𝑑𝑡

= (1 − 𝐷)𝐵𝑔

𝛾𝑆𝑉
𝑥

(I.2)

where: D indicates the fractional density of the medium; B is a factor
representing several physical and thermodynamical parameters of the porous
system, including diffusivity, temperature and particles size; g is a geometric factor
depending on how x is measured, while x indicates the dimension scale of the
system (i.e. the dimension of the pores).
When external pressure is added to a sintering system, it exerts an
enhancement of the densification rate that can be expressed as [7]:
𝑑𝐷
𝑑𝑡

= (1 − 𝐷)𝐵𝑔 (

𝛾𝑆𝑉
𝑥

+ 𝑃𝐸 − 𝑃𝑅 )
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(I.3)

where PE is the effective pressure experienced at the physical contacts among
particles, PR is the residual pressure inside the pores. Due to the very small contact
surface of the metal particles at the beginning of the densification, the external actual
pressure P is strongly amplified in the early stage and monotonically decreases as
the porosity vanishes. The effective pressure PE at the early stage of densification
was expressed by Artz et al.[9] for random packed spherical particles of radius R as:

𝑃𝐸 =

4𝜋𝑅 2
𝑎𝑍𝐷

𝑃

(I.4)

where: a is the neck area, Z is the contact number per particle, D is the
density of the system. PE tends to P at the late stages of sintering, conventionally
after density has reached more than 90%.
1.2.1 - Physical Mechanisms of densification
1.2.1.1 - Plastic flow:
At the initial stage of the densification, as already mentioned, PE is high. If
external pressure is sufficient, the early densification occurs by plastic yielding, even
in very short time. The criterion for this mechanism is set as [10]:
𝑃𝐸 ≥ 3𝜎𝑦

(I.5)

The yielding continues until effective pressure reaches a limiting condition
[Helle]:
2

1

3

1−𝐷

𝑃𝑙𝑖𝑚 = 𝜎𝑦 𝑙𝑛 (

)

(I.6)

Real solids can experience a work hardening during a massive plastic
yielding; such hardening can limit the effect of applied external pressure. The great
advantages of hot pressure-assisted sintering is the thermal softening of the bulk
material to consolidate. In fig. 3 typical tensile properties of the nickel-base
superalloy Inconel 718 (UNS N07718) are reported [11]: the yield strength of the
alloy drops from over 1100 MPa at medium-low temperature down to few tens of
17

MPa at 1100°C. Due to thermal softening of the material and to
recovery/recrystallization processes at high temperature, the densification by plastic
yielding is particularly effective for the first stage of densification and in many cases
accounts for the most of the total densification.

Fig 3: Tensile properties of Inconel 718 depending on temperature, adapted from Ref.
[11].

1.2.1.2 - Diffusion from interparticle boundaries:
The contribute of diffusion from interparticle boundaries is the sum of the
contribution from both surface/grain boundary diffusion and volume diffusion, through
the grain boundaries and volume diffusion coefficients 𝐷𝑏 and 𝐷𝑣 . A representative
sketch of the various diffusive contribution in sintering is shown in fig. 4, adapted
from [1]. A relation was derived by Helle et al.[10] from the consideration that the rate
of deposition of material on surface of particles due to the a densification rate 𝐷̇ is
equal to the rate of removal of overlapping volumes between two sintering particles
(that come closer due to the sintering)[10]:
12𝐷
𝐷̇ =

1/3 𝐷 2/3
0

𝑔(𝐷)

𝑍𝛺𝑃𝑒𝑓𝑓
𝑘𝑇𝑅3

(𝛿𝐷𝑏 + 𝜌𝐷𝑣 )
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(I.7)

here D is the fractional density, g(D) is a function of the density, 𝛺 is the
atomic volume, T the absolute temperature and k is the Boltzmann constant. This
expression was approximated for initial stage as:
2

43(1−𝐷 )
𝐷̇ = (𝐷−𝐷 0)2
0

𝛺𝑃
𝑘𝑇𝑅3

(𝛿𝐷𝑏 + 𝜌𝐷𝑣 )

(I.8)

while for final stage as:
𝐷̇ = 54 ∙ 5(1 − 𝐷)1/2

𝛺𝑃
𝑘𝑇𝑅3

(𝛿𝐷𝑏 + 𝜌𝐷𝑣 )

(I.9)

The linear dependence of the densification rate with diffusion coefficient
enlightens the strong dependence of diffusion mechanism by the temperature, since
diffusion coefficient depends by temperature according to a Arrhenius behavior.

Fig. 4: A scheme of the diffusive mass-transport mechanisms contributing to
densification in sintering; thress metal particles of radius r are sketched exhibiting the formation
of necks. The picture is taken from Ref. [1]

1.2.1.3 - Power-law creep:
An important densification mechanism is creep[9,10]. In many systems,
including the Ni-base superalloys, the involved creep behavior is described by a
19

power low relating the derivative of the equivalent strain of the material and the
equivalent stress by a parameter n that represent the strain rate sensitivity[10,12]:
𝑛
𝜀̇ = 𝐴 ∙ 𝜎𝑒𝑞

(I.10)

in which A is a parameter depending of the material and strongly by the
temperature. According to [10], this power-law model leads to the following relations
for the initial and the final state of the densification.
-

Initial stage:

𝑃𝑒𝑓𝑓
𝑥 𝜀̇
𝐷̇ = 5.3(𝐷2 𝐷0 )1/3 ( 0𝑛 ) (
)
𝑅 𝜎0

-

𝑛

(I.11)

3

Final stage:

3 𝜀̇
𝐷(1−𝐷)
3
𝐷̇ = ( 0𝑛 ) [1−(1−𝐷)1/𝑛 ]𝑛 ( 𝑃)
2 𝜎0

𝑛

2𝑛

(I.12)

1.2.1.4 - Densification maps
On the basis of the results discussed above a densification map can be drawn
in order to indicate the dominant densification mechanism with a set of process
parameters: Pressure P, temperature T and density D. Several examples of
densification maps are described in detail in [9,10] . In fig. 5 two examples of a
densification map are presented, adapted from [10]. The model describes a nickel
base superalloy powder of mean diameter of 50 μm; the picture reports the relative
effect of the pressure and the temperature, indicating that the power low creep is the
mechanism dominant for a wide range of the relatively high pressure above 100
MPa.

20

a

b

Fig. 5: HIP densification maps of a Ni-base superalloy, adapted from [10]: a)
densification depending on pressure; b) densification depending on temperature. Pressure and
temperature are normalized respectively over yield strength and melting temperature.

1.3 - Modelling the HIP for Net Shape manufacturing
The elaboration of modeling tools for the prediction of the HIP final shape is
crucial for the effectiveness of net-shape manufacturing routes[5]. A valid prediction
of the HIP shrinkage of metal parts has been successfully accomplished by the
development of approximate continuum models[13-15] based on a Finite Element
formulation. As discussed above, several solid-state mechanisms are involved in the
consolidation process, including yielding, creep, and diffusion. The elaboration of the
densification maps was used to identify the relative weight of all these phenomena
on the basis of the process parameters. Most of the established continuum model
approximate the densification by indivituating a single dominant mechanism, the
most effective one, in particular the plastic yielding and the creep. Furthermore such
models are made flexible by the introduction of phenomenological functions that
improve the convergence to experimental measurements. These functions can be

21

related to measureable quantities and so they can be refined to adapt the model to
the single case.
An interesting example a of successful simplified model is provided by the
work of Ref.[4]: this model is based on a pure conium plasticity theory, supported by
the consideration that most of the densification (more than 90%) occurs just in the
initial stages of an HIP cycle when the external pressure in amplified by the contact
among powder particles. In this case the material of the capsule is described as a
perfect-rigid plastic material with the constitutive equation derived by a Von-Mises
yield criterion:
𝛷(𝜎𝑖𝑗 ) = 𝐽2 − 𝜏𝑠2 = 0

(I.13)

while the powder metal is described by the Green’s plasticity criterion for
porous media:

𝛷(𝜎𝑖𝑗 ) =

𝐼1
𝑓2 (𝛿)

+

𝐽2
𝑓1 (𝛿)

− 𝜏𝑠2 = 0

(I.14)

In the previous equation 𝛷(𝜎𝑖𝑗 ) represents the yield potential, 𝐼1 and 𝐽2 are
respectively the first and the second invariant of the stress tensor of the compacted
powder material, 𝜏𝑠 is the porous material yield flow stress, and 𝑓1 (𝛿) and 𝑓2 (𝛿)
are two empirical functions depending on the fractional density of the densifying
volume. The flexibility of the model is given by the possibility to adjust f1 and f2 in
order to better approximate the shrinkage of the compact.
The most popular model of macroscopic shrinkage, known as the Abouaf
model [13,14], is an evolution of the Green model for porous media, and it is based
on the assumption that the densification can be essentially described as power-law
creep process. The constitutive equations are then derived from a creep potential of
the form [13]:

𝛺=

𝐴
𝜎 𝑛+1
𝑛+1 𝑒𝑞

(I.15)
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With 𝜎𝑒𝑞 Von-Mises equivalent stress, A is a parameter depending on
activation energy and on temperature, n is reciprocal of the strain rate sensitivity. In
this case the equivalent stress can be expressed as the sum of a hydrostatic
contribute and a deviatoric term according to the relation:
2 = 𝑓(𝛿)𝐼 + 3𝑐(𝛿)𝐽
𝜎𝑒𝑞
1
2

(I.16)

where 𝑓(𝛿) and 𝑐(𝛿) are two empirical phenomenological function,
depending on the density δ of the powder, whose use is similar to the previous f1 and
f2.
𝑓(𝛿) and 𝑐(𝛿), as well as 𝑓1 (𝛿) and 𝑓2 (𝛿), can be related to measurable
quantities and then derived. An example of such procedure is mentioned in Ref. [15].
It can be demonstrated that in a uniaxial compression test the stress measured on a
compact material (𝑃𝑧 (𝛿 = 1)) and on the porous medium (𝑃𝑧 (𝛿 < 1)) at the same
strain rate can be related by the relation [13]:
𝑃𝑧 (𝛿=1)
|
𝑃𝑧 (𝛿<1)

|

𝑛+1

= (𝑓 + 𝑐) 2𝑛

(I.17)

The relative intensity of f and c are the determined by another set of
experiments relating f and c to the densification rate 𝛿̇ in typical conditions. For
example in a condition of hydrostatic pressing by a pressure P, 𝑓(𝛿) is given by:
1

𝛿̇
𝛿

9

𝐴∙𝑃𝑛

𝑓(𝛿) = (

𝑛+1
2𝑛

)

(I.18)

The empirical refining of these functions is anyway a complex task since it
requires in a certain sense the simultaneous knowledge of the temperature, the
porosity and the densification rate of a representative HIP cycle, instant by instant.
1.4 - Effectiveness of the solid-state bonding.
The complete densification of a HIP process is just one aspect of the most
general consolidation process occurring during HIP. The mechanical properties of
23

the consolidated material will depend crucially also by the quality of the solid-state
bonding among the particles [7]. The bonding is strongly affected by the surface
structure and chemistry of the powder particle, in particular by the presence of thin
layers of oxides that can retard or prevent the bonding [16,17], i.e. basically acting as
diffusion barrier. This aspect will be discussed in detail in the chapter IV in which the
mechanical properties of the Ni-base alloy are discussed.

Fig. 6: Metallography of a solid-state diffusion bonding interface in a 17-4 PH Stainless
steel. The interface (indicated by two black arrows on both sides of the picture) is characterized
by the formation of a layer of oxides. Picture adapted from Ref. [3].

A HIPped material can be fully dense but intrinsically weakly bonded with very
bad mechanical properties. In order to conclude this brief overview of the main
concepts of HIP an analogy is suggested with the very similar process of solid-state
diffusion bonding [18,19] to show the typical issues of a diffusion bond. A
demonstration of weak diffusion-bonded interface in shown in fig. 6 adapted from
Ref. [3]: the bonding interface (indicated by two black triangles at the sides) between
two bodies of stainless steel is characterized by the dense precipitation of oxides
during the dwell time degrading the quality of the bond. A substantial improvement
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can be reach changing the atmosphere of the process or the roughness of the
surface.
The diffusion bonding can be heavy impacted when the surface oxide are very
stable, like in the case of the aluminum oxides [20]. An interesting overview of the
possible strategies to overcome this limitation is presented in Ref. [20]. Here two
picture are adapted in fig. 7 from this cited reference with two mechanical ways to
break the oxide and promoting the bonding: fig. 7 a) a heavy mechanical deformation
that breaks the oxide since they are less ductile than the substrate and (fig. 7 b) the
effect of the surface asperities obtained by a proper grade of roughness.
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a)

b)

Fig 7: Behaviour of the oxide surface layer in solid-state diffusion bonding of two
interfaces of aluminum: a) oxide breaking by heavy plastic deformation; b) surface oxide
breaking by surface roughness. Picures adapted from Ref. [20].
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Chapter II
Scope of work and experimental method
2.1 - Selection of material and scope of work
The research activity concerns the metallurgical and mechanical investigation
of the corrosion resistant Ni-base superalloy N07626 fabricated by HIP [21]. The
N07626 is a very promising alloy for application in critical parts in Oil & Gas
turbomachineries exposed to very aggressive gas environments, rich of chlorides
and sulfides. The N07626 alloy exhibits mechanical properties similar to the widely
used Inconel 718 (N07718) but with outstanding resistance to corrosion. A detailed
description of the benefits resulting from the introduction of the P/M HIP technology
for the manufacturing of this Ni-base is provided in [6].
Since most of the activity was conducted in collaboration with the Materials
and Processes Engineering Department of GE Oil & Gas any sensitive proprietary
information has been removed. In order to facilitate the analysis of the work all
results are presented in normalized unities.
The scope of the activity can be condensed in the points below:
i.

Identify the effect of the cycle parameters in the densification
process of the pressure-assisted sintering for the Ni-base alloy
N07626, in particular the effect of pressure and temperature;

ii.

Assess the reliability and the stability of the material properties
resulting from a standardized production cycle, including the powder
consolidation and a post-consolidation quality heat treatment;

iii.

Investigate the peculiar metallurgical aspects of the resulting novel
material that are intrinsically related to the powder-based nature of
the processing method, and discuss their impact in term of design
requirements;
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iv.

Investigate the effect of varying the process parameter on the
mechanical properties of the material in order to identify
perspectives of future improvements.

2.2 - Experimental procedure
2.2.1 – Analysis of the densification: lab scale fast sintering by Spark Plasma
Sintering
Due to the limited accessibity to HIP facilities, the study of the influence of the
process factors (Pressure and Temperature) on the physical mechanisms of the
densification of N07626 powder was conducted on a small scale system by setting a
uniaxial hot pressing condition for the metal powder. These experiments were
conducted by a fast and effective pressure asissisted method known as Spark
Plasma Sintering [22-26]. The specificity of this process consists in the unique
method of heating the metal powder by a flux of electric current flowing through the
mold of the powder and the metal powder itself. If the metal powder is a good
conductor the sintering is associated to novel solid-state phenomena.
In the case of Ni-alloy N07626 it will be shown in the following that the intrinsic
contribute of the current flow through the powder can be neglected. So the
densification process is considered as a simple uniaxial assisted sintering process.
Although the uniaxial loading geometry leads to differences in the mechanics of
compaction compared to hydrostatic pressing, the global effect of the the variation of
pressure and temperature can be clearly appreciated and gives information for the
understanding of a full scale HIP compaction.
Sintering was performed by SPS-1050 machine (Sumitomo Coal & Mining Co.
Ltd). The powder was poured in a graphite die with a cylindrical cavity of 10 mm of
diameter, closed on the bottom and pressed by a conductive punch on the top. The
punch supplies electrical current to the system (die + powder) by means of pulsed
DC voltage (pulse cycle: 12 pulses ON/2 pulses OFF, duration 3 ms) and at the
same time exerts pressure on the powder. The temperature of the die was measured
by a pyrometer and the temperature inside the cavity is extrapolated by means of a
system calibration.
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The sintering cycles were conducted in conditions of moderate vacuum (6-8
Pa) to assist the degassing of the powder during densification. The samples
produced were cylinders of 10 mm of diameter and 6 mm of height.
The effect of pressure and temperature was investigated by considering 6
conditions: a fixed relatively-low pressure with three temperature conditions, and a
fixed relatively-high temperature with three pressures. All the condition are listed in
the tab. 1
Furthermore the effect of current flow in the densification was investigated by
comparing a group of repetition of cycles with a special cycle in which the powder
was insulated electrically by the graphite dye.
Sample

Electrical

Temperature

Pressure

name

insulation

Sps1

No

T max

25 MPa

Sps2

No

0.92 T max

25 MPa

Sps3

No

0.83 T max

25 MPa

Sps4

No

0.96 T max

63 MPa

Sps5

No

0.96 T max

50 MPa

Sps6

No

0.96 T max

38 MPa

spsS

No

0.96 T max

60 MPa

spsI

Yes

0.96 T max

60 MPa

Tab 1: List of cycle parameters applied in SPS experiments.

2.2.2 - HIP process and parameter
This research activity reports the metallurgical and mechanical investigation
carried out on several consolidated parts made by HIP of pre-alloyed metal powder,
applying both a standard proprietary processing procedure and different
experimental processing conditions. All HIP processing involved the following
stages:
1.

assembly of the capsule, referred also as “can”: the capsules parts were
fabricated by mild steel and welded.
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2.

filling of the can by the metal powder, applying a continuous vibration of
the capsule in order to densify the powder as much as possible;

3.

out-gassing of the filled can by vacuum pumps and sealing of the filling
apertures.

4.

Consolidation in the HIP furnace;

5.

Quality heat treatment, consisting in a solution treatment and an aging;

All stages 1-4 were performed by two external suppliers, that will be called
supplier 1 (S1) and supplier 2 (S2). The details regarding points 1-3 are suppliers
proprietary and were not disclosed. In the following it is assumed for these stages
that the variability within suppliers is small and can be considered as the intrinsic
variability of a HIP processing.
The stage 4 was done by the suppliers applying a GE defined set of cycle
parameters including the 1) HIP dwell temperature; 2) the external gas pressure; the
cycle time; the heating and pressurizing rump-up are proprietary details of suppliers.
Such a standard set of parameters will be referred as ST-HIP for both suppliers: the
possible differences in the heating/pressurizing rump-up are neglected. The ST-HIP
was previously optimized to reach full density. Three further sets of experimental
parameters were considered in the investigation: a dwell temperature increased by
+7% with the ST-HIP pressure (T2-P1-HIP); the ST-HIP temperature and a dwell
pressure increased by +25% (T1-P2-HIP); and an increase of both dwell HIP
temperature and dwell pressure (T2-P2-HIP). The HIP dwell temperature and
pressure are important factors in the kinetic of the densification process and affect
the solid-state transformation and the mechanical deformation mechanisms of the
metal powder particles, respectively. Since the ST-HIP cycle was already optimized
for full densification, the further parameters were selected in order to investigate the
latter aspects, in particular:
- the increased HIP temperature was selected to study the impact on grain
growth and on solid-state transformation of the precipitates formed during HIP cycle;
- an increased pressure was considered for possible effect for a more efficient
fragmentation of the surface oxides of metal powders. Furthermore, since grain
growth is a very temperature-sensitive mechanism, a limited temperature increase
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was chosen in order to prevent a massive growth and an excessive softening of the
material.
The stage 5 was carried out by supplier S1 and S2 and in the GE MPE
Laboratories: two heat treatments were considered: a standard proprietary heat
treatment (ST-HT) consisting in a solution annealing followed by a precipitationhardening aging and an experimental cycle (HT2) with the solution temperature
increased by about 4% and the aging kept fixed; the experimental solution
temperature was equal to experimental T2 HIP temperature.
2.2.3 - Powder
In the aim to characterize the sensitivity of the HIP process to the raw material
properties, i.e. the properties of the metal powder, the investigated parts were made
by pre-alloyed metal powder supplied by 4 different producers: p1, p2, p3 and p4.
The exact chemical composition of each powder type was selected to be compliant
with the Oil & Gas NACE Standards for the alloy N07626. A nominal composition of
the alloy N07626 compared with the Inconel 718 is reported in tab. 2.

Tab 2: Nominal chemical composition of the alloy N07626 and the alloy N07718
(Inconel /18)

The powder p1, p2 and p3 were produced by inert gas atomization, using
argon as atomizing medium; the powder p4 was instead produced by plasma
atomization of a pre-alloyed metal wire. The maximum size of the metal powder was
set with particle diameters ≤ 150 μm; for powder p1 and p4, two further experimental
lots of metal powder sieved ≤ 50 μm were procured. The powder p1-p3 presented
very small deviations in the alloying elements and the size distribution is similar due
to a similar standard atomizing technique: in the following they are assumed to be
equivalent regarding alloy elements composition and size distribution, but not
31

regarding the content of the trace elements C, S, O, N, that determines the surface
properties of metal particles. The powder p4 was treated as not equivalent for the
very different processing method.
The reason for the use of several distinct powder varieties is described in the
following. An important aspect to clarify in this investigation is the intrinsic variability
of the process using a single standard set of processing parameters (HIP + HT); this
task is achieved by using equivalent raw material (small deviation in chemical
composition included the content of trace elements). As will be discussed in the rest
of the chapter, the accumulation of interstitials elements, in particular oxygen has a
crucial role in controlling the ductility and the toughness of the material. The variation
of this property for experimental purpose is intrinsically difficult when metal powder is
produced by a single supplier according standard industrial practices. So in the
following the samples obtained with powder p1 or p2 are considered as a reference
material, while the lots of powder p3 and p4 were introduced in order to represent
increasingly degraded properties of the same material with the enhanced
accumulation of interstitials, in particular the p4 powder represents a worst case. The
normalized oxygen content measured on representative lots of the four different
powder with the same maximum particles’ size is reported in the tab 3 .
Powder type

Normalized Oxygen
concentration

P1 (reference)

1

P2

1.2

P3

2.4

P4

2.2

Tab 3: Normalized oxygen concentration in the metal powders used. P1 powder is the
reference.

The experimental processing parameters discussed above were tested on the
standard powder p1 and on the degraded powder p4 in the aim of investigating the
sensitivity of the material properties to different processing conditions. A complete
summary of all experimental condition is presented in tab. 3.
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List of HIP processing conditions
Processing
identity
T1-HT1

HIP

HT condition

powder

Standard Sol. + aging

P1

Powder size

condition
standard

d ≤ 150 μm
d ≤ 50 μm
P2

d ≤ 150 μm

P3

d ≤ 150 μm

P4

d ≤ 150 μm
d ≤ 50 μm

T2-HT1

T + 7%, Standard Sol. + aging

P1

same

d ≤ 150 μm
d ≤ 50 μm

pressure

P4

d ≤ 150 μm
d ≤ 50 μm

T1-HT2

Standard

Solution temperature

P1

+5%, same aging

d ≤ 150 μm
d ≤ 50 μm

P4

d ≤ 150 μm
d ≤ 50 μm

T2-HT2

T + 7%, Solution temperature
same

P1

+5%, same aging

pressure

d ≤ 150 μm
d ≤ 50 μm

P4

d ≤ 150 μm
d ≤ 50 μm

Pr2-HT1

Pressure

standard

P1

+25%,

d ≤ 150 μm
d ≤ 50 μm

same

P4

temperatu

d ≤ 150 μm
d ≤ 50 μm

re

Tab 4: List of applied HIP and heat treatment parameters with the metal powders used.
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2.2.4 - Mechanical testing
Numerous mechanical tests were conducted on parts produced both by
standard and experimental process conditions. A large part of such experiments
concerned medium-large thick pieces with diameters bigger that 100 mm and height
bigger that 150 mm, that were produced by S1 and S2 along several years according
to proprietary ST-HIP process conditions. The samples for tests were cut in the core
of the samples and close to the steel capsule in portions of the material that were
found to be prone to the accumulation of interstitial elements. Such zones usually
extend inward for few tens of mm from the external capsule. These volumes are
referred in the following as Oxygen Affected Zones (OAZs).
Since the mechanical tests were conducted in part in the laboratories of GE
Oil & Gas and in part by external certified labs, all tests were conducted according to
international ASTM standards.
2.2.4.1 - Tensile testing
The tensile testing was conducted in the GE Lab and by external testing
laboratories (ExL) according to the ASTM standard E8. In all tests cylindrical sample
were used as shown in fig 1 adapted by the ASTM E8 document [27].

Fig 1: Sketch of the tensile specimens drawing specifications, adapted from Ref.[27].

2.2.4.2 - Impact toughness
Charpy V-Notch (CVN) tests were performed both in GE Lab and in external
certified laboratories according to ASTM E23 standard. The type of specimen used is
shown fig 2 adapted from the ASTM E23 document [28]. Furthermore on samples
produced by experimental conditions the CVN tests were performed by an
instrumented Charpy pendulum with 300J of maximum available energy at the
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Department of Industrial Engineering of the University of Trento. An instrumented
Charpy pendulum is able to record the curve of the experienced load by the head of
the pendulum over the deflection of the detector. This curve gives relevant
information of the modulation of the energy absorption during the impact, so
describing also the fracture behavior of the specimen. A valid description of the
interpretation of results is provided int the ASTM E2298 document.

Fig 2: Sketch of drawing specifications for Charpy V-Notch specimens, adapted from
Ref. [28].

2.2.4.3 - Fracture toughness
The fracture toughness JIC of the samples was measures by an external
certified laboratory according the ASTM E1820 standards. This method consists in
the determination of a critical stress intensity parameter (JC) by the loading of a
precracked specimen [29]. In this investigation, compact specimens were used with
dimensions compliant to the specification of the standard inllustrated in fig 3,
adapted from the ASTM E647 document [30]. The fracture toughness is
determinated by the calculation of a resistance curve of a quantity J (a line integral
derived by measurable quantities described in the standard) over the length of the
quasi-static propagating crack. If the condition of plain strain is achieved by the
geometry of sample, a critical value of J can be defined that individuates the onset of
fracture instability. The value of JIC corresponds to the vaule of J of the J-R curve at
the offset of 0.2 mm of crack length if other requirements are fulfilled. In some
sample no stable crack propagation was reached; in these cases the measured
value of J at the 0.2 mm is used as indicative value of fracture toughness.
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Fig. 3: Sketch of drawing specifications for Compact Specimens for JIC fracture
toughness test, adapted from Ref. [30].

2.2.4.4 - Fatigue crack propagation rate
The propagation of a fatigue crack was measured according to ASTM
standard E647 on a pre-cracked CT specimen by an ExL. This method consists in
the determination of a crack propatation rate, expressed as the increment of crack
length Δa over the number of fatigue cycle N, depending on a stress intensity range
∆𝐾 = 𝐾𝑚𝑎𝑥 − 𝐾𝑚𝑖𝑛 . The crack advance is determinated on a pre-cracked
compact specimen as what illustrated in fig 4 adapted from the ASTM E647
document [31]. In the tests reported in this work, a value of 0.1 was imposed to the
ratio 𝐾𝑚𝑖𝑛 /𝐾𝑚𝑎𝑥 .
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Fig 4: Sketch of drawing specifications for Compact Specimen for Fatigue Crack Growth
Rate test, adapted from Ref. [31].

2.2.5 Metallographic analysis
2.2.5.1 - Optical metallography and sample preparation
The metallographic analysis of the samples was performed in the GE
Laboratory by optical microscopy and by Scanning electron Microscopy (SEM). The
metallographic specimens were prepared by applying a series of lapping steps by
grinding paper and a final polishing by clothes using a first step by 3 μm diamond
paste for 5 min and a last polishing stem by a nanometric silica suspension (OPS)
for 10 minutes. Where applicable an electrochemical metallographic etching was
conducted using a 80% H3PO4 + 20% H2O solution with voltage = 4.5 V and hold
time fo 5-10 s.
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2.2.5.2 - Electron microscopy
The electron microscope used was a Field-Fmission Gun (FEG) Zeiss SUPRA
50 equipped with an Oxford X-Ray detector for Energy Dispersed Spectroscopy
(EDS) microanalysis and an Oxford Electron Backscatter Diffraction (EBSD)
detector. The EDS and the EBSD analyses were conducted by the Oxford Suite
Aztec and the elaboration of the EBSD data was further completed by the Channel 5
suite Tango.
The EBSD [32] is based on the identification of the local crystalline structure of
a point on a metallic surface by the analysis of characteristic diffraction pattern
produced by the interaction of the electron beam with the crystalline structure of the
metal. These diffraction patterns are produced as electrons backscattered by a small
spot on the surface of the specimen where the electron beam is converged in a
single spot. The pattern are detected by a CCD detector. A detailed overview of the
technique can be found in Ref. [33]. By the use of a FEG SEM the resolution of an
EBSD analysis can reach values lower than 100 nm. If a surface is sampled in a grid
of points a map of crystallographic orientations is obtained. In this work the EBSD
was used in particular for the analysis of the grains and of grain boundaries.
The grain analysis was performed by imposing a misorientation of 10° across
GBs to identify distinct grains. Areas of 1 mm2 were scanned by EBSD with a step
smaller than 2.25 μm. A comparison of the identified area with total area indicates
that more than 95% of the scanned area is reconstructed. Due to the large
occurrence of twins found in the materials analyzed, a tight criterion of exclusion for
special boundaries of 60° of misorientation with axis of the {111} crystallographic
direction was imposed: a narrow tolerance of 2° around 60° was selected. Although
this criterion is certainly not exhaustive, it allows identifying most of the grains.
2.2.5.3 - Chemical analysis of the composition
In the portion of materials where the samples for mechanical tests were cut, a
chemical analysis of the content of traces elements was conducted by external
testing Labs. The reference standard was individuated in the ASTM standard E1019.
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Chapter III
Pressure assisted sintering of the Ni-base alloy N07626

Part of this chapter has been published in Ref. [34]

3.1 - Short introduction to Spark Plasma Sintering
This paragraph is intended as providing just a very basic introduction of the Spark
Plasma Sintering (SPS) technique in order to understand the meaning of the
experimental results. A very detailed introduction can be found in. Ref. [22-26]. The
SPS is a recently introduced sintering technique based on the concurrent application
of pressure and heat through a current flow through the powder to be consolidated.
The current flow is the specificity that distinguishes the SPS from other conventional
hot pressing techniques, like uniaxial hot pressing or Hot Isostatic Pressing. Then
SPS combines the pressure-assistance of other conventional methods with a fast
current heating, allowing powders to reach very high sintering rates: a few minutes
even to sinter to full density for most metals and alloys, limiting severely the grain
growth and opening many perspectives about fine-structured materials. The effect of
current flow is today still not well understood, and this fact explains the increasing
attention of the international community about the topic. The current heating is very
fast and many works suggest it can affect only a narrow layer on the surface of the
powder particles, inducing a localized overheating while keeping temperature lower
inside the particles [35]. Many researches have tried to investigate the possibility of
electric sparks among neighboring particles (this phenomenon gives the name) [36].
In any case today it is crucial to clarify the effect of current flow on diffusive
phenomena and subsequently on the intrinsic behavior of the sintering process.
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3.2 – SPS of the Ni-base alloy N07626
3.3.1 - SPS cycle:
The experimental SPS cycles were conducted according to a scheme sketched in fig
1. It can be divided in six main stages (A-F) that are listed in tab III.1

Fig 1: Scheme of the SPS cycle applied with the division in stages listed in tab. 1. The picture
was published in Ref. [34].

Stage
A

Pressure
Holding at 19 MPa

B

Constant increase of
pressure to 25,5 MPa
Holding at 25,5 MPa
Holding at 25,5 MPa

C
D

Temperature
Heating from room
temperature to 0.5 Tmax
Holding at 0.5 Tmax

Duration
3 min
1 min

Holding at 0.5 Tmax
1 min
Constant heating to
6 min
maximum temperature
E
Holding at 25,5 MPa
Holding at maximum
4 min
temperature
F
Removing of pressure
Free cooling
Tab 1: SPS stages with applied parameters of temperature, pressure and time.
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3.2.2 - Effect of temperature:
In fig. 2a the punch displacement-rate over time is shown for the samples sps1, sps2
and sps3. In the fig. 2 and in the following only the stages C to F are considered. The
fig. 2b shows the temperature values detected by the pyrometer over time: it is worth
to note that the samples reach three distinct temperatures in the same time interval,
meaning three distinct increasing heating rates. The displacement-rate curves
indicate that the densification starts at the same time t for the three samples, the
densification rate increases monotonically to a maximum, followed by a fast
decrease; the slope of the curves increases for higher dwell temperature. For the
sample sps3 the maximum is reached inside the stage D, i.e. during constant
heating, the rate decrease starts in the stage D as well and continues through the
stage E of isothermal holding to zero, indicating the stop of the densification. For the
samples sps1 and sps2 the maximum of the densification rate coincides with the end
of the heating stage D and is followed by a fast decrease that does not reach the
zero, indicating that a slow densification persists during isothermal stage E.
In fig. 3 the optical micrographs of the samples sps1,sps2 and sps3 are shown. In
samples sps1 and sps2 a very high porosity is observed, while sps3 is almost full
dense: the image analysis indicates approximately 30% of porosity for sps1 and 18%
for sps2, while the value is much lower for sps3 (about 2%). It is worth of noting that
the powder particles (mostly the bigger particles), still clearly discernible in sps1 and
sps2, appear to retain their spherical shape almost unchanged, indicating that the
pressure applied of 25.5 MPa is not sufficient to plastically deform the particles to a
massive extent even above the relatively high temperature of 0.92 Tmax (sps2).
Sintering is evident with the increasing formation of necks from sps1 and sps2 and
the disappearing of any prior-particles structure in sample sps3.
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Fig 2: a) densification rate as function of time for the densification cycle of samples sps1, sps2
and sps3; b) temperature profile in the cycle for the same samples.The picture was published in
Ref.[34].
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Fig 3: Optical metallography of samples sps1, sps2 and sps3 showing increasing final density.
Picture published in Ref. [34].

3.2.3 - Effect of pressure
The effect of pressure on the densification rate of N07626 powder was investigated
by varying the compacting pressure at constant maximum temperature. The
behaviour of the densification rate over time of the samples sps4, sps5 and sps6 is
presented in fig 4 The picture confirms that the increase in pressure produces a
small increase of densification rate of the order of few percents. This effect is not so
marked as it was found regarding the temperature. The increase in pressure lead
then to a slightly faster densification.
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Fig 4. Densification rate as function of time for samples sps4, sps5 and sps6: the densification
was conducted with the same temperature profile and three different maximum pressures.

3.2.4 - Effect of electric current
As anticipated the effect of current flow in the densification process of the N07626
powder was investigated in order to identify possible significant deviation from a pure
hot pressing. For this scope several tests were repeated with the same process
conditions keeping conductive the powder in order to get a significative statistic of
the densification rate of the powder in a baseline set of parameters (cyle spsS). The
same cycle was then repeated after isolating the powder from the current (cycle spsI)
. The result is shown in fig. 5 in which the densification rate of all these sample is
compared. The picture indicates that the effect is very small, appearing with a
miminal rigid shift of the densification curves toward higher current value. In any
case the shape and the intensity of the curve is not impacted. This fact suggest that
with Ni-alloys the SPS can occur mostly by simple Joule effect heating.
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Fig. 5: Densification rate as function of the measure current flow of a group of reference
samples processed according to cycle spsS (blue lines) compared with the densification rate of
spsI sample (red line).

3.3 - Extension of SPS result to a full-scale HIP
The investigation of the SPS of powder of the N07626 alloy demonstrated that in a
pressure-assisted sintering condition, with temperature and pressures comparable
with a real HIP process, the variation of the pressure has a limited impact in the
densification rate of the system. On the other hand the effect of a decrease of
temperature of just less than 8% from Tmx strongly modifies the densification curve
and produces samples with a significant porosity.
Scaling these result on a HIP process, it follows that the densification rate in the
initial stage with high porosity will be driven mostly by variation temperature. This
result suggest than the densification behavior for N07626 powder could be
dominated by diffusive mechanism (creep and diffusion) that are characterized by a
strong dependence on temperature. The role of the plastic yielding instead is
considered less important. Comparing this interpretation with the work of Ref. [14],
the collected data suggest that the densification of N07626 and similar alloys is
dominated by creep.
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A higher HIP temperature will lead to a faster densification. In this phase the
pressure has a mush smaller impact. So the intensification of the pressure is not
expected to impact the cycle time.
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Chapter IV
Microstructure and mechanical properties of the P/M alloy N07626

Part of this chapter has been submitted for publication [37]:

This chapter presents the results of the analysis of the microstructure and of
the mechanical properties of the P/M alloy N07626 produced by Hot Isostatic
pressing. The chapter introduces the metallurgy of the alloy and describes the
representative microstructure of a standardized material, processed according
defined set of parameters (ST-HIP), and including also the analysis of several
experimental set of parameters. The metal powder used was mostly p1, representing
the reference, and the powder p3 and p4 as case studies. The mechanical properties
are measured at room temperature and they include tensile properties, impact
toughness, fracture toughness and the crack propagation in condition of fatigue. In
the final section of the chapter the effect of the variation of HIP process parameter is
presented in order to illustrate possible perspectives of improvements.
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4.1 – Metallurgy and microstructure
4.1.1 - Metallurgy of N07626 and similar Ni-base alloys
The physical metallurgy of N07626 is discussed in tight analogy with the two
well-known Ni-base superalloy Inconel 718 (N07718)[21,38-40], widely used in gasturbine components, and the corrosion-resistant alloy Inconel 625 (N06625)[41,42].
Actually N07626 was introduced as a possible replacement of IN718 for applications
requiring comparable strength and more resistance to corrosive environment [21].
The microstructure of the IN718 is characterized by a fcc austenitic matrix (γ
phase) that is strengthen by solid-solution of heavy elements and by the
precipitation-hardening of several phases as well documented in Ref. [11]. The major
contribution of strengthening is attributed to the Ni3Nb γ″, a metastable phase that
tends to be replaced by the Ni3Nb δ phase in condition of averaging. The occurrence
of δ phase, precipitating preferentially at GBs as thin platelets, is considered
detrimental for mechanical properties, in particular for creep resistance. The low
concentration of Al and Ti in IN718 is associated to a minor contribution to the
strengthening by the Ni3Al,Ti γ’ phase; in N07626 the fraction of Al and Ti is lower
than IN718, so the contribution of γ’ is considered negligible. The Inconel 718, the
Inconel 625 and the N07626 contain elements that are strong carbide former (Nb
and Ti): several species of carbides were actually reported in Ni-alloys, depending of
the heat treatment conditions. The typical microstructure of the precipitated γ″+ γ’
phases for an as-HIP powder metallurgy Inconel 718 was studied in Ref. [39]
through transmission electron microscopy: the precipitates appear as ordered
elongated disk-shaped platelet of dimensions ranging from a few nm to a few tens of
nm. An example of these precipitates can be observed in the fig.1 where the cited
TEM image is shown; in the same material Ref. [39] reported a very representative
microstructure of a GB that is the preferential site for the precipitation of δ phase and
MC carbides. The structure of the γ″+ γ’ in the investigated N0726 is assumed to be
very similar to what described in Inconel 718.
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a

b

Fig 1: a) Transmission Electron Microscopy image of the precipitated γ″+ γ’ phases in
an PM as-HIP sample of Inconel 718; b) SEM image of the precipitated δ phase and carbides
at the grain boundaries in the same sample of (a). Both pictures are adapted from Ref. [39].

The occurrence and the thermodynamic stability of the phases present in an
idealized alloy N07626 can be described by a thermodynamic simulation obtained by
the software Thermocalc using the material database TTNI8. The mass fraction of all
stable phases occurring in the range of temperature 225°C-1220°C is presented in
fig. 2: these results were based on a chemical composition representative of
reference material. The indicative ranges of temperature of the HIP, solution
annealing and aging treatment are also indicated in the figure. In the temperature
range of HIP and solution annealing the simulation predicts the dissolution of the
hardening phases (γ’,γ″ and δ). The small oxygen concentration leads to the
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formation of corundum-like stable M2O3 (M = metal) phase (mostly alumina) that is
retained all along the temperature considered. The software predicts also the
formation of a small fraction of a fcc phase distinct from matrix, called FCC_#2. The
analysis of composition of the FCC_#2 (not shown here) indicates that it is based on
Nb and C, with residual content of Mo, so it is identified as MC Carbide. The thermal
stability of NbC is described in Ref. [43] for Inconel 718, where the solvus
temperature is found at 1267°C. In the range of temperature of the aging treatment
the stable phases are the γ matrix and the phases γ’ and δ. The hardening phase γ″
(Ni3Nb) is absent since it is actually metastable and tends to transform to the stable δ
in a prolonged aging. The γ’ phase is present in small quantities due to the small
concentration of forming elements Al and Ti; so its role in hardening is secondary. At
the aging temperature the M23C6 type carbide is stable, so even the precipitation of
secondary carbide is expected, as the investigation of Inconel 625 in Ref. [42]
confirms. In the latter the precipitation occurs preferentially along GBs.

Fig 2: Simulation of phase amount at the thermodynamical elequilibrium as function of
temperature for a representative chemical composition of N07626 alloy. The temperature
ranges of HIP and heat treatment adopted in the investigation are also indicated.
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4.1.2 – Microstructure of HIP N07626 samples
The microstructure of HIPped N07626 is characterized by an austenitic γ matrix with
homogenous and isotropic properties, as expected by the condition of quasihydrostatic pressing. The γ matrix includes a variety of fine-size precipitates that
affect the grain-size distribution and the mechanical properties: a typical feature is
represented by rounded or circular contours that are easily etched in a
metallographic preparation of a sample, that are called prior particle boundaries
(PPBs) [38-40]. As discussed in the following, these circular contours are formed by
precipitates resulting from the phase transformation occurring during HIP at the
surface of the powder particles. Grain boundaries mostly coincide with The PPBs
mostly coincide with GBs although they cannot be distinguished from GBs by optical
metallography. The rounded shape depends by the intrinsically small mechanical
shear of particles during densification due to the hydrostatic pressing [7]. The shear
of the bigger particles is furthermore reduced if they are surrounded by much finer
particles. The optical metallographs of two as-HIP samples processed in the ST-HIP
condition and in the T2-HIP condition are presented in fig. 3 a) and b), respectively:
the presence of PPBs contours can be observed in both samples and constitutes an
evidence of the thermal stability of such precipitates in the whole range of HIP
temperatures considered in this investigation.
A deeper sight in the microstructure can be achieved by Scanning Electron
Microscopy, in particular by the Backscattered-electron (BE) detecting mode that is
sensitive to the mean atomic mass of elemental species of the material surface. This
approach is particularly effective when the microstructure of the HIPped and heat
treated samples is analyzed and the identification of precipitates is crucial. The BESEM image of a representative sample of the standard processing (ST-HIP-HT)
made by powder p1 is shown in fig 4 a), while the fig. 4 b) presents the BE-SEM
image of a representative sample processed by the increasing both HIP and solution
treatment temperatures up to 1200°C (T2-HT2). A first aspect of primary importance
is the observation of substantial very low, vanishing porosity, confirming the full
density of the part. The precipitates found on the polished surface of these two
samples are very similar: they consist in two broad categories distinguishable by the
size and the mean atomic mass. Considering the fig. 4, such features are:
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- coarser precipitates of the order of about 1 μm, characterized by a high average
atomic mass (bright appearance in the SEM-BSE mode) as indicated in fig. 4 a);
- a network of chains of very fine precipitates (dimension of the order of 100 nm)
appearing as dark spots in SEM analysis, as shown in fig. 4 b).
The latter type coincides with the Prior Particle Boundaries (PPBs) identified by
optical microscopy. Such features tend to coincide with the grain boundaries, even if
they are found crossing grains especially in sample HIPped and heat treated at the
highest temperature. It is worth of noting that the PPBs can be constituted in part
even by a residual vanishing porosity of nanometric size, as argued for example in
diffusion bonding of Hastelloy C-22 in Ref. [19], as a result of impurities preventing
the solid-state bonding.
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Fig 3: Optical metallographies of as-HIP p1 powder processed according to standard
HIP parameters (a) and processed by increased HIP temperature T2 (b). (The picture was
submitted for publication in Ref. [37])
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Fig 4: Backscattered electrons SEM images of HIP and heat treated samples processed
according to ST-HIP (a) and T2-HT2 (b); in both cases the powder used is p1. The occurrence
of carbides and PPBs is enlightened by red arrows. (The picture was submitted for publication
in Ref. [37])

The coarser precipitates can be easily identified as primary carbides by their
chemical analysis: a chemical mapping of a representative group of such precipitates
achieved by a simultaneous SEM-EDS-EBSD analysis is presented in fig 5 for a
sample processed in the standard condition and heat treated. Each precipitates
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location in the maps is associated to the depletion of Ni and to the strong enrichment
of Nb, Mo and Ti. Furthermore, the analysis of the EDS spectrum and the EBSD
pattern in such precipitates indicate respectively an enrichment of C and a fcc crystal
structure compatible with MC carbide. The depletion of Ni and the fcc structure
exclude the identification as (Ni3Nb) δ phase with an orthorhombic D0a structure,
that can be present in Nb strengthened Ni-alloys both as thin platelets or globular
shape precipitating preferentially at the grain boundaries. The SEM analysis then
does not enlighten the presence of any recipitation of δ phase that is associated to
detrimental effect of the mechanical properties of superalloys.
The Electron Backscatter Diffraction is a powerful tool in the analysis of the
grain structure: it enables an accurate quantitative analysis of a large sample of very
fine grained microstructure without any artifact due to a conventional chemical
etching for optical metallography. This advantage is effective in presence of PPBs
that cannot be unambiguously distinguished by GBs by optical metallography. The
actual grain structure of the reference standard material (standard ST-HIP condition,
standard powder high quality powder p1) is enlightened by EBSD analysis in fig 6 a):
the black solid lines indicate the grain boundaries determined by a misorientation ≥
10 ° between adjacent pixels. The EBSD analysis indicates a strong twins formation:
in fig. 6 b) the same map as in fig 6 a) is shown without the coloring of the
crystallographic orientation of the grains and the twin boundaries are represented by
red lines. This microstructure is characterized by a bimodal grain-size distribution:
rounded islands of coarser grains similar to what discussed before in the as-hip
samples, included in a sort of matrix of much smaller grains more homogenous in
size. This feature can be considered an important detail since the different GB
density at the island boundary with respect to the fine grain matrix can be source of a
weak point. This nature derives also from a second consideration: the perfectly
rounded shape indicates an effective pinning of GB that can be associated to a
prevented sintering/diffusion-bonding along the PPBs.
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Fig 5: SEM-EDS analysis of a cluster of precipitates in a samples processed according
ST-HIP and made by powder p1: the picture shows the SEM image (FSD), the EBSD
crystallographic map of grains, the EDS chemical maps of Nb, Ni, Mo, Ti concentration in the
SEM imaged area. (The picture was submitted in Ref. [37].
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Fig 6: EBSD Inverse Pole Figure map of a sample processed according to ST-HIP
condition by powder p1 (a); the figure (b) shows the reconstructed grain boundaries structure of
the same area in (a) coloring in black the grain boundaries and enlightening in red the twin
boundaries.
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4.2 - Mechanical properties
It is usually established that powder metallurgy parts made by HIP are
characterized by a high uniformity and isotropy of mechanical properties. This is an
extremely important aspect when HIP technology is selected for net-shape
manufacturing. This concept actually is partially true since it was found in this
investigation that a localized significant degradation of mechanical properties can
occur even in a part that exhibits globally outstanding properties. This fact is due to
the thermodynamic transformations that act during the compaction time, involving
the interaction between the capsule and the metal powder.

Bulk

OAZ

Mild steel
capsule

Densified Ni-alloy

Fig 7: Sketch of an Oxygen Affected Zone in an ideal as-HIP consolidated capsule
having still attached the external mild steel shell.

The most important effect is the systematic localized accumulation of oxygen
in some point of full-scale consolidated parts. They are volumes of densified material
extending inward several tens of mm from the external surface. An interesting aspect
of this accumulation is that it is not associated to any accumulation of either nitrogen
or carbon. Such volume portions are referred hereafter as Oxygen Affected Zones
(OAZs) (see sketch in fig 7). The interpretation of this accumulation in described in
section 4.3 . The individuation of OAZs and the analysis of their effect of mechanical
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properties are fundamental for the implications in terms of design and reliability of a
HIPped part. The investigation of the accumulation of oxygen in some point is also
representative of the effect that the use of an oxidized powder can have regarding
the mechanical properties.
4.2.1 - Room temperature tensile properties
The effect of oxygen accumulation on tensile properties can be enlightened
by comparing the results of many tensile tests conducted by specimens sampled in
OAZs and in the core of several HIPped part, manufactured according the same
nominal processing condition, including HIP stage and post-consolidation quality
heat treatment, and a metal powder with approximatively same properties. The data
reported in fig 8 show the variability of the mechanical properties in the OAZs and in
the reference material (cycle ST-HIP, p1-p2): such data are particularly important in
the assessment of the reliability and the stability of a new manufacturing process
introduced in industrial practices. The average values of the 0.2% Yield Strength and
of the % Elongation in OAZs and in the core are then shown in fig. 8. The values are
normalized, and are reported together with the lower specification limits (LSLs) for
the most critical application of the alloy set for the company. These data show as the
accumulation of oxygen doesn’t affect the yield strength of the material but has a
significant effect of the elongation leading to an appreciable reduction of elongation
and to an increase in the scattering of results, so to an appreciable reduction of
ductility. In both cases the results are promising for even the “weakest” location of a
full scale industrial part is fully compliant with the prescribed design requirements.
Another point to note is that yielding properties denote a very small scattering of
results.
The analysis of the stress-strain curves of specimens sampled in OAZ and in
the core indicates that the constitutive behavior is very reproducible, on the other
hand the ductility is significantly impacted. The stress strain curve of 4 representative
tensile tests of specimens cut in OAZs and in the core material are presented in fig.
8 with a constant offset along the stress axis. , They show that a standard material is
characterized in all four cases by the same monotonic hardening that leads to the
rupture without the drop in stress typical of the onset of tensile instability; less ductile
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material just fails at lower values of elongation without any deviation from the
constitutive behavior. The elongation of the sample is uniform and can reach
relatively high values without exhibiting any necking.
Fig. 9 b) shows the stress-strain curve of two samples of p1 and p4 powder in
the two available sizes, HIPped and heat treated according to standard conditions.
As anticipated the properties of p4 powder are investigated as a representative
material with a relatively high oxygen concentration and generally degraded
mechanical properties. p4 material is softer than p1 standard material, the yield
strength is 12.5 % lower than the p1, the ductility is also poorer and the strain
hardening is lower. A significant improvement in ductility is found in the smaller size
powder for p4 material.
The fig 10 shows the typical fracture surface of a tensile specimen fabricated
according the ST-HIP processing and tested at room temperature. The general
macroscopic behavior of the fracture can be defined essentially inter-particle and
described by the individuation of two primary fracture mode that are always
coexisting: a pronounced ductile fracture associated to extensive formation and
coarsening of micro-dimples and a quasi-brittle debonding of isolated powder
particles. In this last case the fracture surface is characterized by a much smoother
profile. The fig 10 b shows the difference in the fracture surface at the boundary
between a debonded particle and the irregular deformed matrix. Fig 11 presents the
fracture surface of a tensile specimen produced by the powder p4 (fig 11b)
compared with the standard reference sample (fig 11a): in this case the debonding
mode is dominant. The fracture surface tends to be faceted as resulting of a mere
mechanical compaction of ductile spheres (See german).
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Fig 8: Tensile properties of the material processed according to ST-HIP by p1 and p2:
a) mean 0.2 % yield strength and b) % Elongation in the core of the samples and in the OAZs.

61

Fig 9: a) stress-strain curves of four tensile specimens sampled in the bulk of and in the
OAZs of the material processed according to ST-HIP parameter by powder p1; the curves are
presented with a constant offset in the stress axis to show the reproducibility of the constitutive
behavior; b) comparison of the stress-strain curves for the consolidated p1 and p4 powder
according ST-HIP conditions and using two different mesh sizes.
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Fig 10: a) fracture surface of a broken tensile specimen obtained according to ST-HIP
parameters and by powder p2; b) a magnification of the fracture surface at the boundary
between a debonded particle and the embedding ductile matrix.
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Fig 11: comparison of the fracture surface of two broken tensile specimens obtained
according to the parameters ST-HIP by the powder p1 (a) and p4 (b).

4.2.2 - Room temperature Impact toughness
The accumulation of oxygen has a strong detrimental effect on the toughness
on a standard reference material and makes it much more sensitive to the stress
intensification of a notch. A very indicative analysis of such behavior is provided by
the Charpy V-Notch testing. The results of a statistical evaluation of the absorbed
energy measured in several parts (ST-HIP, p1 material) are shown in fig 12: the
parts were sampled both in OAZs and in the cores. The data are normalized. This
analysis shows that while the tensile behavior is not heavily impacted, the toughness
response can be dramatically reduced.
If the measured impact energy of a large number of specimens is plotted over
the measured oxygen concentration a behavior interpretable as a ductile-to-brittle
transition (DTB) is found, in analogy to other classical DBT as in bcc steels. Many
specimens were cut in the OAZs of several parts and the concentration of oxygen
was measured in the same portion of material: this sampling has an intrinsic difficulty
due to the distribution of oxygen in OAZs, which is present as inward diffusion
gradients from surfaces. The values of the mean impact energy are plotted as a
function of oxygen concentration in fig. 12 b. Since the Charpy measures were
conducted in distinct laboratories according to the ASTM Standard E23 the error
bars of the means represent the uncertainty expressed as:
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𝜀 = √𝜎𝑠𝑡
+ 𝜎𝑟𝑡
+ 𝜎𝑟𝑝

(IV.1)

2
2
where 𝜎𝑠𝑡
represents the standard deviation of the measurements and 𝜎𝑟𝑡
2
and 𝜎𝑟𝑡
are the uncertainties due to the repeatability and the reproducibility of the

test as reported in the ASTM E23 standard.
The macroscopic aspect of a typical fracture surface of broken Charpy
specimens of the standard reference material is very similar in many aspects to the
tensile fracture surface. The main aspect is that also in Charpy specimens the
fracture occurs preferentially along the PPBs, so the fracture is preferentially
interparticle. In fig. 13 a) a magnification of the fracture surface of a Charpy
specimen is shown in order to have a sight of the microstructure. The surface
appears partitioned in areas of marked ductility, identified by coarser dimples, and
smoother areas with a quasi-brittle look. A high magnification imaging of the surface
shows that smooth areas exhibit also submicrometric -dimples associated to the
formation of nano-voids embedding inclusions. These inclusions, as will be
discussed widely in the following, are the constituents of the PPBs, already identified
in the analysis of the microstructure. Similar inclusions are found systematically in
most of the fracture surface and can be identified as a general feature of the fracture
surface of this P/M material.
A second fact is that the mechanical response of the material is the result of a
heterogeneous behavior at the PPBs with a portion of volume exhibiting a ductile
response while the remaining portion acts as quasi-brittle.

65

a

b

Fig 12: a) mean absorbed impact energy in Charpy V-Notch tests conducted on
samples processed according ST-HIP parameters with powder p1; the specimens were
sampled in the bulk and in the OAZs of several parts; b) measured absorbed impact energy of
several Charpy V-Notch samples over the measured oxygen concentration, the process
condition was ST-HIP with powder p1.
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Fig. 13: a) fracture surface of a broken Charpy V-Notch specimen sampled obtained by
ST-HIP processing with powder p1; b) high magnification of a particular of the fracture surface
showing the formation of submicrometric voids with embedded PPBs precipitates.

The use of instrumented Charpy-pendulum tells us many information on the
toughness of the material. In fig 14 the load defection curve of the standard
reference material (ST-HIP, p1 powder) compared with the weak case-study material
produced by p4 (ST-HIP) is shown. The data demonstrate that in both cases the
propagation is not truly brittle even if the slope of the propagation step of the curve is
a bit steeper for the p4 material. In the p4 material the peak load, indicating
conventionally the crack nucleation stage, occurs at appreciably lower load than the
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reference material. The fig. 13 reports other two load-deflection curves of the two
materials obtained by the consolidation a finer sieving of powder with the same
processing parameters (indicated with the term small in the plot): no appreciable
deviation from the coarser particle size is observed. This result suggests that the
presence of bigger poorly bonded particles doesn’t affect significantly the global
response of the material.

Fig. 14: Load-deflection curves of instrumented Charpy V-Notch tests with specimens
obtained according to ST-HIP parameters with two particle size distributions of powders p1 and
p4.

The reduction of ductility and toughness are related to the fracture mode of
this material. The analysis of the fracture surface of tensile and CVN specimens
reveals that the fracture occurs preferentially along the PPBs as suggested by the
rounded shape of the cavities and the protrusions representing the fracture path.
The results discussed so far demonstrate how the formation of PPBs affects
the mechanism of the fracture. For this reason in the following section the structure
of PPBs is analyzed in a more general discussion of the the chemistry and of the
structure of the metal particle surface as well as the solid-state surface phenomena
occurring during HIP that affect the final structure of the interface among particles.
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4.3 - Phase transformations at particle surface during a HIP
consolidation
The chemistry and the microstructure of the surface of the consolidating metal
particles is the result of their production process and of the solid states
transformations occurring during a HIP cycle. The sintering of metal powder is
strongly affected by the oxides present on the metal powder at the onset of
densification. Such oxides are responsible of retardation as well as of a prevented
sintering. As discussed in chapter 1, most of the densification in HIP is due to the
deformation (both plastic yield [4] and power law creep) and this stage of
densification if pretty rapid. So most of the HIP cycle is elapsed with the compacting
powder in a stage of diffusion bonding at the surface of the particles. The analogy
with solid state diffusion bonding is then very useful to understand the
thermodynamic transformation acting at particle surfaces.
The constitution of OAZs described in previous section enlightened that oxides
can be due to intrinsic factors of the raw material as well as to “extrinsic” factors
(depending on the sintering condition), operating during the HIP cycle. The two
source of oxidation are discussed in the following.
4.3.1 - Formation of PPBs:
4.3.1.1-Thermodynamics of surface oxide of metal particle in a closed system
It is well established that the existence if oxide layer on the metal surface to
bond by solid-state diffusion bonding prevents or partially deteriorate the bonding
effectiveness. The way to improve the bonding is based on methods to mechanically
break or thermodynamically destabilize the oxide layer for a complete dissolution.
The resistance to dissolution of the oxide layer depends strongly on its
physical/chemical stability in the condition of the process: the temperature, the local
chemical composition and the local atmosphere. According to Ref. [44] there are
three main general behaviors found in metallic materials at the bonding interface in a
diffusion bonding process:
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1) (titanium type) stable oxides in metals having a high oxygen solubility tend
to dissolve and diffuse in the matrix;
2) (iron type) oxides tend to condense and form inclusions that progressively
are dissolved in the matrix;
3) (the aluminum type) the oxides are very stable and cannot be either
dissolved or decomposed.
Even thermodynamically stable oxides at a certain process temperature and
chemical composition can be destabilized by a proper selection of the process
atmosphere. This is a standard practice in conventional sintering of many materials
using dedicate reducing atmosphere with defined partial pressure ratio of CO/CO 2,
H2/H2O or either vacuum [45,46].
The destabilization of oxides by the control of a reducing atmosphere cannot
apply to a HIP process since in this case the consolidation of the powder occurs in a
sealed capsule without the possibility to control the atmosphere. The atmosphere
can be determined just at the beginning of the process by operation of degassing
preceding the sealing. Therefore, at the beginning of a HIP cycle the atmosphere
inside the capsule is a nominal low vacuum. Since the capsule represents a closed
system, when the part is heated two main phenomena start: 1) residual moisture or
oxygen chemically bonded to the particle surface is desorbed; 2) the residual oxygen
in the vacuum atmosphere start to oxidize the particle surface until an equilibrium
partial pressure of oxygen is reached. This pressure is determined by the equilibrium
condition of the red-ox reactions of the between the base metal and the relative
oxide, according to the law [47]:
∆𝐺 0 = −𝑅𝑇 𝑙𝑛𝑃𝑂2

(IV.2)

∆𝐺 0 represents the change in the Gibbs free energy associated to the
formation of the metal oxide, R is the ideal gas constant and, T the temperature and
𝑃𝑂2 the equilibrium oxygen partial pressure.
Therefore, the equilibrium oxygen partial pressure is expected to be
determined by the most stable oxide species formed. In a Ni-base alloy as the
N07626, the oxidation behavior is not simple due to the chemical composition that is
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prone to selective oxidation, so several oxides are actually forming during an
oxidation stage [48]. The powders produced by inert gas atomization are usually
covered by a thin layer of oxide with a thickness of the order of 10 nm. The oxidation
occurs at the atomization stage itself due to the residual oxygen present in atomizing
gas and in the fast cooling inside the collection chamber. Ref. [49] characterized the
oxide layer on inert gas atomized aluminum powder finding that the thickness is not
uniform and island can form in a single particle, but the oxide thickness is generally
similar for all the size distribution of the particles.

Ref. [50] reported the

characterization by Auger spectroscopy of a Ni-base powder produced by inert gas
atomization, demonstrating a surface enrichment of element associated to stable
oxides (Ti, Al, Cr). In the case of the alloy N07626 the structure of the initial oxide
can be reconstructed by the Ref. [51] and by the consideration that the oxidation
during the atomization is a too fast process for the creation of a protective barrier of
stable oxides forms. So an important portion of NiO and of the Spinel NiCr 2O4 oxides
is expected constitute the initial layer of oxide together with Cr2O3. Since the Ni alloy
contains elements forming most stable oxides, the decomposition of NiO/NiCr2O4
layer will be put in place for the precipitation of Cr2O3, Al2O3 oxides. The analysis of
the oxidation behavior of IN625 by Ref. [50] indicated that even other oxide can form,
like NbO2.
As demonstrated by Ref. [50] an initial less stable NiO/NiCr2O4 oxide layer can
be replaced at higher temperature by Cr2O3, TiO2 and NbO2 in low oxygen partialpressure oxidation conditions.
As discussed at the beginning of this chapter, in metal like iron or copper the
oxide layer tends to condense and dissolve in the parental metal. This is argued to
be the case of a Ni-Cr base alloy like N0726 exhibiting a significant fraction of NiO
oxide at the beginning of the HIP transformation. According to Ref. [52] the nickel
has a solubility of 0.05 atomic % at 1273 K that corresponds approximately to 0.014
weight %. The lowest oxygen concentration attainable in commercial high-quality Nibase powder is in the range of 0.01-0.03 wt %. These considerations suggest that
just a portion of the oxygen present in the particle surface can dissolve in the bulk
metal up to the complete saturation of the matrix by oxygen. If the oxygen solubility
limit is overcome by higher concentration of oxygen, no dissolution of oxides occurs
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whatever the selected HIP conditions: the oxidized material of OAZs and the powder
p4 are expected to be concerned by this phenomenon. On the basis of a similar
concept Munir et at proposed a maximum thickness layer that can be dissolved
during sintering by pure diffusion.
4.3.1.2 - Precipitation of carbide at PPBs
A second phase transformation contributes to the formation of PPBs: the
precipitation of carbides. There is a wide literature about the structure of PPBs in
nickel alloys that enlighten the preferential precipitation of high-solvus carbides like
NbC or TiC [53-55]. Several authors suggest that oxides themselves act as
nucleation site for the precipitation of the carbides. The formation of high-solvus MC
carbide is particularly effective in material rich of strong carbide former like Nb in
Inconel 718. Due to the similarities in the chemical composition between Inconel 718
and the N07626, the structure of PPBs is interpreted on the base of the data existing
for the former. A recent investigation of PPBs in powder metallurgy Inconel 718 was
provided by Ref. [38] that identified MC carbide as the main constituent of PPB. In
previous analyses Ref. [55] identified both MC carbides and Al2O3 precipitates at the
PPBs.
4.3.1.3- Experimental analysis of PPBs precipitates of HIP N07626
The analyses of the literature find agreement with the experimental
investigation conducted in this research about PPBs precipitates by EDS
microanalysis. A representative EDS spectrum of a PPB precipitate in the standard
material is compared with the spectrum of the matrix in fig. 18. The comparison of
the two spectra enlightens a marked intensification of the characteristic emission
peak of O, C, Nb and Al, in perfect agreement with the interpretation of inclusions of
carbides and oxides. Although the Al peak is observed, it not certain that all the
available oxygen precipitated as alumina.
The effectiveness of the solid state transformation at the particle surface can
be illustrated by the fig. 16 showing the comparison of the load-deflection Charpy
curves of the standard reference material and of the oxidized p4 powder in the asHIP status and after the quality heat treatment. In the case of p4 material (that is
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characterized by 50% more oxygen concentration than p1) the curve of the as-HIP
sample indicates the occurrence of a brittle fracture (note the vertical drop of the
curve), while in the ST-HIP state the crack nucleation occurs at higher load and the
crack propagation step is appreciable. In the case of the reference material (ST-HIPp1) there is no a so marked difference in the behavior of the load-deflection curve.
This result can be interpreted as the demonstration of the retardation of the diffusion
bonding in the p4 case. The bonding strengthens during the following solution heat
treatment.

Fig. 15: EDS spectrum of a PPB precipitate (red spectrum) compared with the austenitic matrix
(blue spectrum) of a sample processed according to ST-HIP parameters with p1 powder; the
spots of the EDS analysis are illustrated in the caption on the top-right corner. (Picture
submitted for publication in Ref.[37])
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Fig. 16: Load Deflection curves of the instrumented Charpy V-Notch test of as-HIPed
and HIPped plus heat treated samples processed according to standard HIP parameters with
powder p1 and p4.

The chemical products of the phase transformations taking place during HIP
can be appreciated in fig. 17 by the comparison of SEM imaging of a representative
p4 powder particle before HIP (fig. 17a) with the fracture surface of broken Charpy
specimen from the as-HIP p4 sample (c). The caption in fig. 17 b is a high
magnification of the particle surface showing a smooth surface characterized by a
dendritic structure; no nanometric precipitate is found of the surface, the oxide layer
cannot be imaged. The fracture surface of the Charpy specimen shows a strong
formation of precipitates.
The comparison of the surface of the powder used to fabricate the reference
material with the fracture surface of broken charpy sample after the full heat
treatment is presented in fig. 18.
The identification of PPBs precipitates as MC carbides and stable secondary
oxides is particularly important in term of their thermal stability, and then in the
selection of a proper quality heat treatment. Ref. [43] demonstrated that the
dissolution of NbC in polycrystalline nickel alloys occurs at a temperature above
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1270°C. This motivated also the proposal of a super solvus solution treatment of
Inconel 718 in Ref. [56] to dissolve the PPBs. These data are consistent with the
experimental evidences of Ref. [38] that shows traces of PPBs even after a heat
treatment at 1260°C and with our experimental investigation. In the present
investigation in samples produced by any powder and HIPped and solution treated at
1200°C, the PPBs are still found. The main difference with standard material is that
the PPBs are increasingly separated by GBs.
The formation of thermally resistant precipitate at the PPB, mostly coinciding
with GBs, is not necessarily a defect to be removed. If present in the proper quantity
such features can contribute to keep a fine grain structure by pinning the GBs. On
the other hand, a super solvus solution treatment can produce a massive grain
growth losing the benefit of a fine homogeneous structure.
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Fig. 17: a) SEM image of loose p4 powder; b) high resolution magnification of the
particle surface; c) precipitates in the fracture surface of a broken Charpy specimen obtained
from an as-HIPped sample (standard HIP conditions) made by powder p4.
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Fig. 18: a) SEM image of loose p1powder; b) high resolution magnification of the
particle surface; c) precipitates in the fracture surface of a broken Charpy specimen obtained
from an HIPped and heat treated sample (ST-HIP conditions) made by powder p1.
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4.3.2 - Reduction/Oxidation phenomena during HIP.
As discussed in previous section during the heating up of the HIP cycle and
before the closure of the porosity (i.e. until the porosity results still connected) the
oxygen partial pressure will depend by the most stable oxide formed or forming. This
concept is particularly important since if less stable foreign oxides are present inside
the capsule, even not due to the particle powder, they can reduce and release O 2
that can further oxidize the more stable oxides. This is one of the two mechanisms
proposed to explain the formation of OAZs.
Suppose that, due to the favorable conditions for selective oxidation of Cr 2O3,
the oxygen partial pressure is determined by the equilibrium O2 partial pressure for
Cr2O3 at the process temperature inside the closed capsule. The capsules used for
the cycles were fabricated by mild carbon steel. This metal usually forms a thin
nanometric passivating layer of iron oxide at room temperature. But if the metal is
heated, like in the welding operation of the assembly, much thicker oxide layer can
form, even if the welding operations are performed in protective atmosphere. The
idea proposed is based on the difference in thermodynamic stability between iron
oxide in the capsule and Cr2O3 or more stable oxides present on the surface of the
Ni-alloy powder: the lower equilibrium partial pressure of Cr2O3 reduces Fe2O3. A
glance to the difference of oxygen partial pressure between the Fe2O3 and the Cr2O3
can be appreciated by the plot in fig. 19 that is adapted from Ref. [45], The plot
identifies the relation of the partial pressure of several oxide species in a stainless
steel with the temperature of the redox reactions, showing all along the whole range
of considered temperature the oxygen partial pressure of Cr2O3 is much smaller than
for the iron oxide.
The increment in temperature during the ramp up of the HIP cycle affects the
system by enhancing the destabilization of the iron oxide and increasing the
oxidation rate of the Cr2O3 oxide according to the Arrhenius-type dependence of its
diffusion coefficient [47]. The more the Cr2O3 oxides grow, the more the equilibrium
of the system influences the oxygen destabilization. The resulting desorbed oxygen
diffuses in through the channels of connected porosity. The dimension of tens of mm
of thickness of OAZs confirms that this extrinsic oxidation is due to the action of
gaseous diffusion rather than solid-state diffusion. The latter phenomenon would
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have led to diffusion path of the order of tens of μm, as for example investigated for
surface diffusion of oxygen in nickel in Ref. [57]. The gaseous diffusion process is
time-constrained by two factors:
1) as soon as the temperature of the cycle rise up the densification is
enhanced and the porosity tend to be disconnected;
2) the diffusion of the gases should be described as Knudsen diffusion in a
porous medium since the free-path of the gaseous species are determined by the
particles in the space.

Fig. 19: equilibrium oxygen partial pressure of typical oxide species present in
chromium-alloyed steel, adapted from Ref. [45].

An experimental confirmation of this interpretation is provided by the analysis
of sampled interface capsule/consolidated Ni-alloy in HIPped parts. It was found that
relatively thick oxides may be present at the interface capsule/powder. The example
of the composition of such an interface in the consolidated condition of the capsule is
provided in fig. 20 where the SEM image of the interface is shown with the EDS
chemical mapping of principal elements involved in these red-ox reactions. The EDS
analysis reveal the formation of 25 μm thick regions with prolonged Cr oxide (see
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superposition of Cr and O signal) and no iron oxide. Since Cr is present only in the
Ni-alloy, these oxides formed during the HIP cycle from the decomposition of
previously formed iron oxide. The reconstructed picture is compatible with a partial
decomposition of the steel oxide layer occurred via desorption in a first stage when
porosity is still connected and by solid-stated transformation in the final stage when
the porosity is closed.
In order to have a very approximate estimation of the impact of effect of the
decomposition of iron oxide, consider a 2 dimensional infinite plate of iron oxide of
thickness t and density 𝜌𝑜𝑥 , whose oxygen can diffuse in one direction in a layer of
thickness l of porous Ni-alloy with fractional density D (actual density of the alloy is
𝜌𝑁𝑖 ). For simplicity let's suppose that such accumulation of O2 is constant along l
(actually a diffusion gradient should be adopted):

𝑙=

𝜌𝑜𝑥 𝜇𝑜𝑥

1

𝜌𝑁𝑖

𝑐𝑜𝑥 𝐷

𝑡

(IV.3)

where 𝑐𝑜𝑥 is the concentration of accumulated oxygen and 𝜇𝑜𝑥 is the mass
fraction of oxygen in the iron oxide. If the concentration 𝑐𝑜𝑥 sufficient to deteriorate
the mechanical properties is very small the multiplication factor of t can be several
orders of magnitude.
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Fig. 20: EDS chemical mapping of the interface between the mild steel capsule and the
consolidated Ni-base powder in a HIPped sample, processed according to ST-HIP parameters.
The reference SEM Image is shown on top, in the bottom of the picture the maps of O, Cr, Fe
and Al concentration of the same surface are shown.
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4.3.3 - Oxidation by residual entrapped moisture
A second mechanism can operate inside the sealed capsule as responsible of
the accumulation of oxygen in OAZs. This mechanism has not to be thought as
alternative to the reduction of weak oxides. The basic concept is that the
accumulated oxygen can be the result of an incomplete elimination of moisture or
condensation present on the surface of the metal powder during the evacuation
stage of the preparation of the capsule. It has been reported that H2O vapor can be
chemically bonded to the metal powder and desorb only if a warm outgassing is
promoted. This is demonstrated for aluminum powder in Ref. [58].
If a residual content of water vapor remains trapped inside the capsule, it can
desorb in the early stage of densification (at connected porosity) and contribute to an
oxidation of hottest zones. The preferential oxidation of just the periphery of the
volume can be explained by the consideration that inside a capsule of powder
significant gradients of temperature can form due to the low thermal conductivity of
the powder material relatively to the bulk reference, being just a fraction of it as for
example discussed in Ref. [59]. This effect is further amplified by the consideration
that the thermal conductivity of a Ni-base alloy is relatively low. Therefore, in the
transient heating stage of the capsule inside the HIP furnace the periphery can be
hundreds of degrees hotter than the interior of a capsule. Since the oxidation rate on
a Ni-base material depends strongly on the temperature, the periphery of a capsule
is oxidized before the core, consuming all the available oxygen in the capsule
atmosphere.
A glance to the outgassing behavior of this PM Ni-alloys can be given by the
analysis of the chamber pressure measured during a set of SPS experiments. The
chamber pressure of the SPS cycle with varying maximum temperature already
presented in chapter III are shown in fig. 21 together with a trend line of the
temperature. The initial vacuum pressure decreases in the un-controlled heating
stage of the cycle until a first peak is found at about 0.5 T max: since this
temperature is too low to represent massive desorption of oxidation product or
evaporation of metal constituents, it has to be associated to the moisture degassing.
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Fig. 21: SPS chamber pressure measured in the course of the SPS experiments sps1,
sps2 and sps3.
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4.4 - Fracture mechanics of PM materials
4.4.1 - Analysis of fracture surface
The reduction of ductility and toughness are related to the fracture mode of
this P/M material. The analysis of the fracture surface of tensile and CVN specimens
reveals that the fracture occurs preferentially along the PPBs as suggested by the
rounded shape of the cavities and the protrusions representing the fracture path.
The appearance of the fracture surface is complex: the macroscopic aspect is
characterized by the coexistence of areas with smooth surface and surrounding
areas of irregular shape where plastic deformation is more pronounced. The smooth
surfaces appear both as rounded convex and concave, partially faceted, resulting
from the de-bonding of prior particle spherical shape and the limited shear
deformation acting in HIP. A comparison of the tensile and the Charpy fracture
surface is provided in fig. 21: a high magnification imaging of the fracture surface
reveals a key aspects of the fracture mode, i.e. the spread of fine nanometric
precipitate embedded in submicrometric-cavities with onset of nano-dimples
formation. Both in areas of marked plastic deformation and in smooth debonded
surfaces the formation of nano-voids at the PPBs inclusion and their coalescence
through the formation of micro-dimples seem to represent a general micro-ductility
behavior. The structure of the formed nano or micro-voids is complex, exposing
areas with heterogeneous void size. Due to the density of nano-inclusions stacked
by even less few hundreds of nm, the nucleated nano-voids easily interact
coalescing into coarser micro-voids. The size of the micro-voids is approximately
equivalent to the mean spacing of the inclusions. Clustering of nano-inclusions
frequently occurs, leading to a local drastic reduction of the plastic response
associated to finer nano-voids and very limited developing of nano-dimples.
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Fig. 21: representative fracture surfaces of a broken tensile specimen (left) and a
broken Charpy V-Notch specimen (right) obtained by consolidation of powder p1 according to
ST-HIP parameters. In both cases the fracture surface is characterized by formation of
submicrometric voids embedding fine precipitates.

The fig. 21 compares the nano-void structure in broken charpy specimens of a
low toughness reference material (above) to the toughest one (below). The tougher
sample exhibits coarser voids, while the void coalescence is less marked in the
second one. The ability in coalescence denotes more energy spent in the voidgrowth stage and then a bigger plastic energy spent in opening a crack, so a tougher
behavior. If the above described structure of fracture surface is mostly uniform in the
standard material an interesting behavior is found in material p4. In this case the
ductile response is dominant just at the triple joints among particles, where coarser
micro-voids are found, and a sudden change to apparently quasi-brittle fracture in
the central zone of a compaction facet. In this areas just nanometric void are found.
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Fig. 22: fracture surfaces of two broken Charpy V-Notch specimens with different
values of absorbed impact energy: a) low impact energy; b) high impact energy. The material
was obtained by consolidation of powder p1 according to ST-HIP parameters.
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The aim of this section is to provide a general fracture mechanical model of
the powder metallurgy full-dense Ni-alloys on the basis of the experimental
evidences so far described. The section describing the mechanical properties
enlighten that the toughness of the material is strongly affected by the oxygen
concentration. The oxygen is associated to the thin oxide of the metal particles that
transform during the HIP with an agglomeration at the PPBs and constitute the
precipitates found in the fracture surfaces. Such inclusions act as nucleation site for
nano-voids with aspects that suggest a micro-ductile fracture mode. The fracture
mode can be determined in principle by the inclusions as well as by other effects as
a reduction of the cohesive energy at the GBs coinciding with PPBs.
4.4.2 - Ductile fracture mechanism by inclusion debonding: damage
accumulation and crack propagation
This section aims to clarify the possible mechanisms that relate the density of
inclusions at PPBs and their characteristic with the crack formation and the crack
propagation in simple mechanical systems.
Since the fraction of oxygen dissolved in the matrix during HIP is not known,
let us suppose that all measured oxygen is present in the HIP alloy as spherical
oxide nano-inclusions of diameter a. Let us assume that the PPB can be represented
by spheres of mean radius R, corresponding to the prior metal powder. Then the
surface density of inclusion φ at a PPB surface is:
𝜌

𝜑 = 4𝜋𝜇 𝑁𝑖𝜌

𝑜𝑥 𝑜𝑥

𝑅
𝑐
𝑎 3 𝑜𝑥

(IV.4)

with 𝜌𝑁𝑖 and 𝜌𝑜𝑥 are the density of the Ni-alloy and the oxides, respectively;
𝜇𝑜𝑥 is mass fraction of oxygen in the oxide and 𝑐𝑜𝑥 is the measured concentration
of oxygen in the consolidated sample expressed as mass fraction. This relation
indicates that density of inclusions is proportional to the oxygen concentration;
smaller inclusions determine a higher density and that a coarse powder is exposed
to higher density of inclusions than a finer one. This latter fact depends on the much
smaller specific volumic surface (total surface/total volume) of a coarser powder.
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In this investigation an ibrid model is proposed that is based on the analogy
with the particulate reinforced metal matrix composite, since a PM material can
behave as a MMC in the thin layer along the PPBs. In this case an important remark
has to be pointed out; the HIPped materials behaves as MMC [60,61] just in a small
portion of their volume. On the other hand HIPped materials for several aspects can
be treated as conventional casted/forget metals since they do not exhibit any
porosity like most of commercial sintered PM materials.
In a real HIP material at the PPBs several types of defects can be found, like
unbonded surface, residual micro/nano-pores and inclusions (carbide, oxides): all
these feature are constrained in a thin layer that can be described as a particulate
reinforced MMC. Let us consider for simplicity the ideal case of a material fully
densified and consolidated, in order to neglect the effect of other defect but
nanoparticles.
A wide literature describes the action of inclusions in metals as brittle crack
initiator, like in steels failing by cleavage [62-64], and as nucleation site for nanovoids growing by plastic deformation and coalescing up to the fracture [65-67].
Inclusions can crack or debond, depending on several factors, including the size, the
mechanical behavior of the inclusions material, the interface strength and the stress
and strain level experienced by the embedding matrix. Both in the case of cracking
or debonding the inclusion fracture is described by a probability of failure based on a
Weibull distribution derived by a weakest-ling model [64]:
𝑃𝑓 = 1 − 𝑒𝑥𝑝[𝑓(𝜎, 𝜎𝑐𝑟 , 𝛼)]

(IV.5)

where σ is the tensile stress acting of on the particle, 𝜎𝑐𝑟 is a critical stress
determining the condition for failure and α is a set of parameters including also the
size of the inclusions. Assuming a linear relationship between the matrix flow stress
and the stress at the inclusion, Wallin [64] used a relation of the type for the cracking
of carbides:
𝑑

3 𝜎 𝑚𝑎𝑡𝑟𝑖𝑥 −𝜎 𝑚𝑎𝑡𝑟𝑖𝑥 𝑚
𝑐𝑟

𝑑𝑁

𝜎0

𝑃𝑓 = 1 − 𝑒𝑥𝑝 [− ( ) (
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) ]

(IV.6)

where m and 𝜎0 are material dependent parameters, d is the inclusion
diameter and 𝑑𝑁 is a normalizing constant. The analysis of Walling demonstrated
that the bigger the size the highest the probability of fracture. For inclusions of
nanometric size the dominant failure mode is expected to be the debonding at the
matrix-inclusion interface. This phenomenon can be described in term of a critical
energy criterion [68] if the energy dissipated in debonding is expressed as:
𝑊 = 𝑈𝑑 + 𝑈𝑚 + 𝑈𝑝

(IV.7)

where 𝑈𝑑 represents the energy associated to the formation of the debonded
surface ( 𝑈𝑑 = 4𝜋𝑎2 𝛾 for a spherical inclusion of radius a and a cohesive surface
energy γ); 𝑈𝑚 and 𝑈𝑝 represent the strain energy accumulated respectively by the
matrix and by the inclusion. In metal matrix nano-composite the energy balancing
enables to express the critical stress for debonding as [68]:
𝛾

𝜎𝑐𝑟 = ( ∙

4𝐸0

𝑎 1+𝜈0

1/2

)

(IV.8)

The role of cohesive energy γ enlighten the fact that critical stress can be
affected significantly by any factor raise or reduce γ, like for example the change in
the chemistry of the interface due to the segregation of solute atoms. The
segregation of hydrogen at the interface was claimed as a responsible of the lowerstrength debonding of carbide as cause of brittle intergranular cleavage fracture. In
[sabirov] the interface strength changes have been attributed to the aging heat
treatment.
The analogy with MMC leads to consider several aspects like the volume of
reinforcement and the matrix strength. The strength of the particle depends on the
𝑖𝑛𝑡𝑒𝑟𝑓

matrix strength according to a rule of the type 𝜎𝑚𝑎𝑥

= 𝜎𝑒𝑞 + 𝜎𝑚 [60], with 𝜎𝑒𝑞

equivalent stress and 𝜎𝑚 average stress in the medium. A stronger matrix reaches
the critical stress for debonding at lower values of strain, so reducing the ductility of
the composite. This effect takes place when a local cluster of inclusions [60,69] is
present in a matrix: the matrix is strengthened just locally, so lower global load is
needed to reach the critical stress. This is expected to be the case for samples with
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a higher content of oxygen: a higher density of inclusions lowers the global load to
determine the debonding. This interpretation is confirmed by the comparison of the
load-deflection curves of the standard reference sample with the p4 sample already
shown in fig. 13: this last sample nucleated the crack at appreciable lower load.
MMC fails by progressive damage accumulation during deformation by
debonding/cracking of inclusions [61,68]. An example of damage accumulation in a
HIPped N07627 is presented in fig. 23 a) where the SEM image of a longitudinal
section of broken tensile sample is shown: the image reveals the formation of nanovoids along the PPBs; the coalescence of some nano-void formed a crack that
advances along the PPB. The crack propagation in the same sample along a chain
of precipitated is clearly imaged in the fig. 23 (b); the caption in the figure is a
representative picture of the void-by-void mechanism of fracture.
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a

b

Fig. 23: SEM images of the longitudinal section of a loaded tensile specimen (ST-HIP,
p2) : a) indication of damage accumulation by void formation at the PPBs; b) a particular of the
crack nucleating and propagation along a PPBs, the microstructure of the crack front is shown
at higher resolution in the caption.
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4.4.3 - MMC model for fracture toughness
The PPBs then represent a preferential path for a propagating crack. Since
the fracture advances by void by void nucleation at inclusions and coalescence, this
system can be interpreted according the Ref. [62] that modeled by a Finite Element
formulation the crack propagation in a visco-plastic material along a double array of
spherical inclusions. In this case the fracture resistance 𝛤 0 is proportional to the
mean spacing of the inclusions X0 leading to a dependence of (𝑉𝑖𝑛𝑐 )−1/3 [65]. At
the critical value 𝛤 0 determining unstable crack propagation ( 𝛤 0 = 𝐽𝐼𝐶 ), i.e. the
fracture toughness of the material, and assuming that the mean spacing is
proportional the inverse of the cube of the voids nucleated at the inclusions (volume
of de-bonded inclusions) 𝑉𝑖𝑛𝑐 , it is:
𝐽𝐼𝐶 ∝ (𝑉

1

𝑖𝑛𝑐 )

3

∝ (𝑐

1

𝑜𝑥 )
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3

A relation of this form was suggested also in Ref. [60] for MMC with mean
diameter of reinforcement d and yield stress 𝜎𝑌 , an exponent of -1/3 is used:
𝜎 𝑑

𝐽𝐼𝐶 ∝ (𝑉 )𝑌−1/3
𝑟

(IV.9)

In this case 𝑉𝑟 represents the volume of reinforcement. This relation can be
compared with the Charpy impact energy if a linear relation between the
experimental JIC and the Charpy impact energy is assumed as discussed in Ref.
[70,71]. In order to validate such assumption the JIC fracture toughness of several
HIPped standard and non-standard N07626 samples processed with the same
parameters and all the powder available (p1-p4 powders) with different intrinsic
Charpy energy was measured: the results are reported normalized as function of
charpy energy in fig. 24. The fit by linear relation presents several difficulties, related
also to the effectiveness of the test with these materials. A detail worth of noting is
that even if reference material exhibits good value of J at 0.2 mm offset of resistance
curve, stable crack propagation is hard to reach in a test, so the results are pretty
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indicative. Anyway at this stage of the knowledge of the material a linear relation is
considered a reasonable approximation. So let us assume that the 𝐸𝐶𝑉𝑁 Charpy
energy can be related to the fracture toughness 𝐽𝐼𝐶 by:
𝐸𝐶𝑉𝑁 = 𝛼𝐽𝐼𝐶 + 𝛽

(IV.10)

Nomalized J (0.2 mm offset)

with α and β fitting coefficients.

Nomalized Mean Absorbed Impact Energy
Fig. 24: J value measured at the 0.2mm offset as a function of mean absorbed impact
energy measured in samples obtained from all powders (p1,p2,p3,p4) by the same ST-HIP
processing.

So a correlation between the Charpy energy and the oxygen concentration is
proposed combining eq. IV.8 and IV.10 and indicating with γ the proportionality
coefficient between JIC and cox:
𝐸𝐶𝑉𝑁 = 𝛼 (𝑐

𝛾

3
𝑜𝑥 )

+𝛽

(IV.11)

The data of Charpy impact energy depending on oxygen concentration were
fitted with a power low function of the type described in eq. IV.11; the model line is
shown in fig. 25, suggesting a reasonable agreement. In this interpretation a
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simplification assumption was done, i.e. that the dimension of inclusions is the same.
In fig. 25 the MMC model is shown also with a dependence of 𝑐𝑜𝑥 −1/3 . The
dependence with the inverse of the cube is characterized by a faster drop down of
the fit curve, taking into accout the possibility that the volume of the inclusions is not
due only to oxygen and the size of particle can be different. At this stage a reliable
verification of the size distribution of the inclusions depending on oxygen
concentration was not possible.
4.4.4 - Analogy with DTB transition in steels: the Todinov model
It has been shown that the fracture surface of the charpy specimens is
partitioned in more ductile areas and smooth, quasi brittle zones. This fact suggests
an interesting analogy with a very general discussion of the DTB transition in steels
proposed in Ref. [72,73] depending on the absolute temperature on the system. The
basic concept is that if just a small portion of the material is treated as brittle, and the
fraction of such brittle domains is assumed decreasing monotonically as the
temperature increases, the measured mean impact energy E(T) at the temperature T
can be expressed according statistical consideration as:
𝐸(𝑇) = 𝐸𝐿 + (𝐸𝑈 − 𝐸𝐿 )(1 − 𝑒𝑥𝑝[𝑓(𝑇)])

(IV.12)

where EU and EL represent the upper bound and the lower bound of the
energy, f(T) is a not- decreasing function that can assumed a power law as:
𝑓(𝑇) = −𝑘(𝑇 − 𝑇0 )𝑚

(IV.13)

in which k and m are material properties and 𝑇0 set the inset of the transition
zone. An interesting aspect of the conclusion derived by Todinov is the volume
fraction of the ductile regions Vd can be calculated by:
𝑉𝑑 = (1 − 𝑒𝑥𝑝[−𝑘(𝑇 − 𝑇0 )𝑚 ])
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(IV.14)

A similar concept can be applied to PM material in relation with the oxygen
content if it is assumed that the fraction of “brittle” domains in a P/M Ni-base
superalloy grows monotonically with oxygen concentration cox. In this case an
opposite behavior of the statistical function f(cox) has to be taken into account; this
leads to a negative value of the parameter k. An example of the interpretation of the
DTB transition data of the PM material with this model is provided in fig. 25 . This
model describes better the lower bound of the energy curve, while it shows some
difficulties in representing the upper bound.

Fig. 25: Absorbed Impact energy over the oxygen concentration of samples processed
according ST-HIP parameters by p1 powders: the interpolation of data by the MMC model and
the Todinov model are included. The empirical fit with dependence of 𝑐𝑜𝑥 −1/3 is also

shown.
4.4.5 - Intergranular fracture in P/M Ni-base superalloys
In the section 4.2 It was noted that the PPBs mostly coincide with GBs, so if
the fracture surface of a HIPped material is mostly interparticle it is also mostly
intergranular. The preferential fracture along these surfaces has been associated to
the scatter of nanometric inclusions. Actually an aspect remains to be clarified that is
the possible role of embrittling factors of the GBs not intrinsically related to the
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inclusions. In this case a brief discussion is provided of the main factor causing
intergranular fracture in Ni-alloys.
In Ni-base alloys several mechanisms have been found leading to the
transition from ductile-transgranular to brittle intergranular fracture, including
Hydrogen embrittlement [74-75] and oxygen-associated dynamic embrittlement [76].
The segregation of sulphur at the grain boundaries has produced a ductile-to-brittle
transition in nominally pure polycrystalline nickel [77]. Hydrogen embrittlement has
been explained as the result of three general mechanisms: the formation of brittle
hydrides, the hydrogen-enhanced localized plasticity (or HELP) and GB decohesion.
The latter mechanism is part of more general phenomena of GB embrittlement due
to the segregation of impurities that affect the energy of separation of the boundary
to form free surfaces. Ref. [78] showed that the variation of cohesive energy due to a
solute ΔEb can be expressed as
∆𝐸𝑏 = ∆𝐸𝑏𝑜𝑛𝑑 + ∆𝐸𝑐ℎ𝑒𝑚 + ∆𝐸𝑠𝑖𝑧𝑒

(IV.15)

In a ductile material the work of separation in an opening crack is the result of
the sum of the energy needed to create 2 free surfaces, also referred as reversible
work of fracture γint, corresponding to the cohesive energy, and the plastic work of
fracture [62]:
𝑊𝑆 = 2𝛾𝑖𝑛𝑡 + 𝑤𝑝

(IV.16)

The term wp accounts for the most of the separation energy, even 10 times
more that the cohesive energy. It has been found that the two contribute of energy
are somehow related, so a reduction in cohesive energy impacts significantly the
total work of separation 𝑤𝑝 that usually scales with 𝛾𝑖𝑛𝑡 ,. For hydrogenembrittlement of ferritic steels Ref. [62] used a relation of the type:
𝑤𝑝 = 𝐴(2𝛾𝑖𝑛𝑡 )𝑞

(IV.17)
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with q = 6 and A = 0.0216. Ref. [79] proposed a linear relationship between
the reversible work of fracture and the plastic energy in predicting the intergranular
fracture of tubular steels.
As already anticipated, even the exposition of Inconel 718 to gaseous oxygen
was demonstrated to be the cause of a transition from ductile-transgranular to
intergranular of the crack path at medium-high temperature. If the phenomenon is
well documented experimentally, the physical interpretation is attributed to a
mechanism similar to the segregation of sulfur at GBs, i.e. to the reduction of
cohesive energy of GBs [76].
In the investigated HIP material the analysis of the possible accumulation of
segregates at GBs/PPBs is missing and is considered a point for future
investigations. An interesting point to be clarified is the possible accumulation of H2
in GBs/PPBs due to the dissociation of the residual water molecules present in the
closed capsule for the oxidation of the metal powder at high-temperature.
4.5 - Improving toughness by changing process parameters
So far the properties of material processed according to a standardized cycle
have been discussed. In this section the perspectives of improvements of the
toughness properties by changing process parameters are discussed.
An increase of the HIP pressure didn’t produce any significant variation to the
mechanical properties of the standard material, so the results are not shown. On the
other hand the increase of both HIP and solution treatment temperature has proven
to be effective in improving the toughness of the material at the cost of a slight
decrease of strength. This behavior was investigated in relation with the
microstructure. The goal of an optimization of material properties was also to limit the
grain growth in order to keep the strength.
4.5.1 - Grain size analysis
The effect of an increased HIP and solution temperature on grain size
distribution was characterized by investigated by the analysis of grain-size
distribution using EBSD. The Inverse Pole Figure (IPF) maps of samples T1HT1,
T1HT2, T2HT1 and T2HT2 are shown in fig. 26: different color indicate distinct
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crystals. The Oxford Channel 5 software suite enables the automatic identification
and labelling of a large number of grains (several thousands), the diameter di of the
grain i is then calculated as an equivalent diameter 𝑑𝑒,𝑖 = 2√𝐴𝑖 /𝜋, where Ai is the
grain area expressed in μm2. Due to the spread in the size distribution a simple
arithmetic average is very sensitive to the high numeric fraction of fine grains that
correspond to a much smaller volumic fraction of the material. So the equivalentdiameter 𝑑̅𝑒 is calculated also as a weighted mean:
∑ 𝑑 𝐴
𝑑̅𝑒 = 𝑖∑ 𝑒,𝑖 𝑖

(IV.18)

𝑖 𝐴𝑖

Following Ref. [80], excluding the contribution of a large fraction of twins in the
representation of the grain mean size can lead to unrealistic results. So an effective
grain size can be calculated according to the relation (IV.9)

𝐷𝑒𝑓𝑓 =

𝑑̅𝑒

̅𝑒
𝑑
)
𝑑0

1+2𝐾𝑡 𝑙𝑛(

(IV.19)

where Kt is a constant and d0 is the maximum diameter at which no twin
boundary can be found. In this investigation the value of: Kt = 0.2 and d0 = 1 μm, as
suggested by the Pande et al.[17] for crystalline Nickel. The histogram of the
arithmetic mean, the weighted mean and the effective diameter are shown in fig. 8.
The values are calculated by the elaboration of a 1 mm square surface area.
Applying the exclusion criteria a global but not massive increase of grains size with
the increase of both HIP temperature and solution annealing temperature is
observed, with an effect of the same order of magnitude for each increment in
processing temperature. The effect of increased temperatures is much less effective
using the definition of effective diameter.
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Fig. 26: Inverse Pole Figure maps of the samples processed according to the standard
condition T1HT1 (a) and the experimental conditions T1HT2 (b), T2HT1 (c) and T2HT2 (d); for

Equivalent diameter
(μm)

all samples the p1 powder was used (submitted in Ref. [37]) .
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Fig. 27: Hystogram of the measured mean equivalent grain diameter of samples T1HT1,
T1HT2 and T2HT2 calculated as an arithmetic mean (green), a weighted mean (red) and
weighted mean with the correction for twins (orange). Picture submitted for publication in Ref.
[37].
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4.5.2 - Tensile properties
In fig. 28 a) the representative tensile stress-strain curves of the HIPped and
Heat treated samples are shown: the curves are normalized. The increase in HIP
temperature and/or the solution temperature leads to a slight decrease of the yield
strength. The effect of the HIP and the solution temperature are of the same order of
magnitude and substantially small. The most appreciable effect of increasing
temperature is observed comparing the T1HT1 and T2HT2 samples with a decrease
of the yield strength about 12.5 % in the T2HT2 sample. The relation between tensile
properties and the average grain size suggests a strong sensitivity to mean grain
size. This effect is observed also in the hardness of the material whose properties
are not shown here. Even a limited grain growth can be anyway suitable to separate
GBs from PPBs,
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Fig. 28: a) normalized stress-strain curves of tensile samples T1HT1,T1HT2,T2HT1 and
T2HT2; b) normalized load-deflection curves of Instrumented Charpy V-Notch specimens
obtained by the same processing condition of (a). Submitted for publication in Ref. [37].

4.5.3 – Impact toughness
The effects of process parameter on load-deflection curves of the V-Notch
Charpy tests are shown in fig. 28 b. The only increase of HIP temperatures doesn’t
affect the absorbed energy, represented by the area below the curves, while it leads
to an appreciable improvement of impact toughness in the HT2 condition;
furthermore a higher solution temperature improves the toughness of the samples
hipped at the same temperature. These results could indicate that the effect of
solution temperature can be larger regarding the impact toughness of the sample.
The load at the onset of plastic yielding for sample T2HT2 is appreciably lower than
the others, reflecting a drop in yield strength as indicated by tensile tests too. The
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increase in absorbed energy is related to a widening of the yielding/crack nucleation
portion of the curve].
4.5.4 -Interpretation of results
The key experimental results of the variation of process parameter and the
identification of the constituent of the PPBs lead to the following considerations.
PPBs constituents are strong oxides and carbides: these compounds are thermally
stable at the processing temperature (dissolution temperatures of carbides is well
above conditions selected (1200°C vs 1270°C reported in literature). Furthermore a
slight grain growth is observed. These microstructural changes have a significant
impact on mechanical properties by a slight softening of the matrix and by a
significant improvement of the toughness.
Interpreting these results as related to the density of inclusions, in this case
there is not variation of amount of oxygen and the carbides are supposed not to
dissolve. So the explanation of a possible reduction of density of inclusions can be
either a residual dissolution of oxides or a ripening. On the other hand the eq. IV.4
demonstrates that assuming the mass conservation of total volume of inclusions,
their density can be reduced by the coarsening of the inclusions. In this case an
Ostwald ripening can be supposed for the coalescence of oxides [81] and carbides
[53,82]. The softening of the matrix was obserbed to increase the ductility of MMC
[61], so ti can contribute to improve the toughness of the T2-HT2 material.
The last aspect to consider is the contribute of the separation of PPBs from
GBs: it is thought to be effective in reducing the density of precipitate at the PPB,
since the GBs are a preferential precipitation site for carbides as discussed in the
metallurgy section at the beginning of the chapter.
The improvement in toughness of the T2HT2 samples is associated to an
appreciable change in the appearance of the Charpy-specimen fracture surface
compared to the reference ST-HIP material (i.e. T1HT1). A comparison in shown in
fig. 29: the fig. 29a) and c) belong to a reference specimen (ST-HT, p1), and the fig.
29 b) and d) describe a T2HT2 sample (p1 powder). The latter exhibit globally much
coarser dimples and the presence of smooth surfaces is reduced.
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Fig. 29: SEM image of the fracture surface of broken Charpy V-Notch specimens
processed to according T1HT1 condition a) and c); processed according tothe T2HT2 condition
b) and d).

4.6 - Fatigue properties
4.6.1 – Fatigue in PM Ni-base superalloys: an overview
The fatigue properties of the PM ni-base alloys [83,84] have been widely
investigated in last decades due to the criticality of the current main applications in
term of design requirement. One of the most known and established application in
turbomachineries is for alloy for aviation gas-turbine wheels, that are component
subjected to heavy stress at relatively high temperature and to fatigue [85,86]. In
these parts both low cycle fatigue [87,88] and high cycle fatigue [89] usually are
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effective due to the cycle of start-up/shut-down of the machine and to the vibration of
the wheels, respectively. Since the most advanced turbine-disk alloys are all based
on powder metallurgy, a careful attention has been given to the intrinsic risk
associated to the powder route.
The most studied topic concerns the analysis of the low cycle fatigue
properties, in particular the aspect of the fatigue crack formation and early
propagation. The powder processing route introduces a source of defect deriving
from the atomizing technology of the metal powder itself [90]. These defects are
constituted mainly by micrometric ceramic inclusions deriving from refractory
materials abraded along the melt metal flow path in the inert gas atomizers, currently
one of the most established production methods for Ni-alloys metal powder. The
ceramic inclusions are usually screened in the sieving stage of the powder
manufacturing, but smaller particles are still retained. In high strength Ni-base alloys
operating at relatively high temperature, the density of ceramic inclusions is
considered one of the limiting factor in the component life [83]. This fatigue aspect
backed a strong effort in the elaboration of statistical models to describe the most
critical locations of a stressed real part depending on the inclusion distribution and
on the stress at the inclusions. In most of the models the inclusions are described as
equivalent “short-crack” according to elasto-plastic models. The prediction of the life
of the component depending on the inclusion size, the inclusion position, the stress
and the characteristic crack-propagation law are essential for a reliable damagetolerant approach [83] in design of turbine disks.
Due to the wide literature available on the topic, the description of the crack
formation at ceramic inclusion will not be deepened in the following. Rather another
aspect is interesting in an alloy like the N07626, prone to the formation of finely
distributed nanometric precipitates at PPBs: the interaction of crack propagation with
the PPBs and the relation with the toughness of the material. In order to investigate
the interaction crack-PPBs fatigue crack growth rate tests were conducted on a
standard material (good impact energy) and compared to the same test in sample
that exhibited medium-low toughness and very low toughness.
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4.6.2 – Fatigue Crack propagation in Ni-base superalloys
In conventional Ni-base alloys like forged Inconel 718, the fatigue crack
propagation mode can be ideally divided in several stages depending on the
intensity of the difference of stress intensity factor range ΔK as shown in fig. 30
adapted from Ref. [91] for a test ratio of R = 0.1 . As shown in the work of Mercer et
al. the near-threshold stage and the lower Paris regime are characterized by the
formation of thin striations and by a crack path preferentially driven by
crystallography orientation. In this stage the propagation is usually considered poorly
sensitive to the microstructure. In the upper Paris regime and the high ΔK stages,
the crack propagation start to exhibit fracture mechanism similar to static loading; the
fatigue striations transform progressively to ductile dimpling of a static fracture.

Fig. 30: Fatigue crack propagation curve of a forged sample of Inconel 718, adapted
from Ref. [91].

4.6.3 – Fatigue Crack propagation in HIP N07626
In PM N07626 a similar behavior is found. In the near threshold and low Paris
stage the crack propagation is insensitive of prior particle boundaries and proceed
along crystallographic paths. An interesting aspect of this stage is that the crack
crosses the PPBs without the significant nano-void formation and coalescence,
giving a realistic image of an unbroken PPBs structure without plastic deformation. A
representative image of this stage is provided in fig. 31 a) presenting the fracture
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surface of a reference ST-HIP sample (powder p1): the crack front enlightened by
the fatigue striations cuts a PPB separated by the closest GB; on the right side of the
image a weakest PPB, aligned with the crack front, is encountered and opened.
The lower and upper Paris regime of fig. 30 are characterized in the PM alloy
N07627 by a smooth transition from a “through-PPBs” to an “along-PPBs”
propagation mode at the highest ΔK values. This phenomenon can be assumed as
the general crack propagation behavior in this PM materials. The PPBs tends to be
increasingly cracked at increasing stress intensity factor and the crack tends to
follow the curved path of the PPBs at high ΔK. The fig. 31 b) shows the image of a
cracked PPB where the striation formation is affected or even prevented where the
nanometric precipitated are spread. The macroscopic appearance of the crack
surface becomes fast very similar to the charpy fracture surface, presenting the
rounded cavities and protrusions of the powder particle.
The global measure of the crack propagation rate of the three samples with
different toughness is presented in fig. 32. These tests were conducted on samples
processed according to ST-HIP parameter and using all the powder types: p1, p3
and p4. The material with the lowest toughness presents the less linear curve with a
slope steeper than the tough material. The plastic response at high ΔK lead to two
very different fracture mechanisms (see fig. 32) that is quasi-brittle for the less tough
material and markedly ductile for the tough material. The toughness determines the
propagation rate with a Paris slope (the m parameter) depending by the measured
impact energy of the material by a linear relation as shown in fig. 33. One of the
interesting results of this investigation that a linear relation can be found between the
Charpy absorbed energy both with JIC and with the m Paris parameter.
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a)

b)

Fig. 31: a) SEM image of the fracture surface of a Fatigue Crack Propagation specimen
sampled from HIP sample processed according to the standard ST-HIP parameters with
powder p1, the image is taken in the zone of near-threshold stress intensity range; b) SEM
image of fracture surface of the same specimen as above taken in the low Paris-Upper Paris
transition regime.
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Fig. 32. Fatigue Crack Propagation curve of three samples produced according the to
ST-HIP parameters with powder p1,p2 and p3, exhibiting respectively good toughness, low
toughness and very low toughness. The SEM images show the fracture surface in the nearthreshold and in the high- ΔK regime of the toughest and the less tough sample.
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Fig. 33: Measured slope parameter of the Paris law in samples processed according to
ST-HIP condition with powder p1, p2, p3 reported as function of the measured mean Impact
absorbed energy.
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Chapter V
Conclusions and future perspectives
This thesis presented a selection the most relevant results of a research activity
conducted in collaboration with the Material and Processes Engineering Department
of General Electric Oil & Gas (Italy) for the investigation of the applicability of powder
metallurgy (P/M) technologies to the manufacturing of turbomachineries’
components. The research activity analyzed two P/M technologies and several
materials. This work is focused just on a single processing technology, Hot Isostatic
Pressing, and a single material, the corrosion resistant Ni-base alloy N07626.
The densification behaviour of the N07626 metal powder in condition of
pressure assisted sintering was investigated by experiments conducted on a small
scale by uniaxial hot pressing condition using a Spark Plasma Sintering machine at
least in the initial stage of densification. The sintering conditions were comparable
with a full scale HIP commercial process, indicating that in the pressure and
temperature conditions applied the effect of pressure variation impacts much less the
densification rate than a small variation of sintering temperature. This behaviour
depends on the strong contribution given by diffusive mechanisms that are
temperature activated. The work proposed to extend these results to a full scale HIP
process, supporting the interpretation that diffusional creep mechanisms can be
dominant in the early densification stage of Ni-superalloys and suggesting that an
increment of pressure in a HIP cycle could lead just a small enhancing of
densification, while a small increment in temperature raises up the compaction rate.
The work then presented the results of the microstructure and mechanical
properties of full-dense HIPped samples and full-scale parts of N07626 alloy,
produced according to a fixed proprietary cycle, to investigate the variability and
repeatability of the properties, and several experimental deviations from this baseline
in order to investigate the effect of process parameters for perspectives of future
improvements. The microstructural analysis was conducted by several analytical
techniques, including Optical Metallography, Scanning Electron Microscopy, Energy
Dispersed X-Ray Spectroscopy and Electron Backscatter Diffraction. The
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mechanical properties of the alloy were assessed by tensile testing, conventional
and instrumented Charpy V-Notch testing, JIC fracture toughness tests and fatigue
crack propagation rate testing.
The statistical evaluation of the tensile and Charpy properties of the material
processed according a reference processing cycle provided the following main
results:
1) the tensile properties are impacted by localized accumulation of oxygen
in the consolidated part in so called Oxygen Affected Zones (OAZs);
2) the mean yield strength is not sensitive to oxygen accumulation, while
both the mean tensile ductility and mostly the mean impact toughness are
dramatically impacted by such an accumulation;
3) the accumulation of oxygen leads to a ductile to brittle transition in the
impact toughness of the material.
4) the fracture occurs preferentially along the prior particle boundaries and
the fracture mode is tightly related to the dense

clustering of nano-inclusions

in a thin layer along the PPBs, associated to micro-ductility phenomena by void
nucleation and

coalescence.

The accumulation of oxygen in the OAZs and the formation of nanoinclusions at the PPBs were interpreted discussing the phase transformations of the
metal oxides present on the surface of the metal powder and all foreign oxides in the
global closed system represented by a consolidating HIP capsule. Discussing such
transformations in analogy with the phenomena of solid-state diffusion bonding, the
nano-inclusions were interpreted as the result of agglomeration of oxides,
precipitation of novel oxides and MC high-solvus carbides. The OAZs were explained
by two possible mechanisms: the diffusion of oxygen from destabilized oxides to Nibase powder and desorption of entrapped moisture with the preferential oxidation of
hottest zone of the system, formed due the reasonable strong temperature gradient
inside the capsule.
The fracture mode of the PM alloy was interpreted as a process of microductility by damage accumulation and crack propagation by inclusions
debonding/cracking along the PPBs, following an analogy with: 1) models of ductile
fracture by void-by-void nucleation and coalescence;
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2)

the behaviour of

particulate-reinforced metal-matrix composites (MMC) that were thought able to
represent the thin layer of inclusions. This analogy provided a model to explain the
DTB transition on the base of the density of inclusions by relating the impact
toughness of the material to inverse of the cube of the oxygen concentration. The
DTB transition was further discussed in term of a general statistical model derived
from the temperature-dependent DTB transition in steels.
The fatigue crack propagation of the reference material was then
investigated and compared with experimental samples of material characterized by
increasingly poorer impact toughness properties. In agreement with a Paris-like
crack propagation in forged Ni-base alloys, the crack propagation in the P/M material
was insensitive of the PPBs nano-inclusions in the near-threshold regime, while a
progressive transition from crystallographic to inclusion-mediated crack path took
place in the intermediated Paris regime. In the high stress intensity range stage the
different toughness leads to very different propagation rate. The slope parameter of
the Paris relation was found approximately proportional to the mean representative
impact toughness of the samples.
The effect of HIP parameters deviation from reference was finally
investigated. The application of increased HIP and solution annealing temperature
proved to be appreciably beneficial for the toughness of the material, leading to a
concomitant slight softening of the strength. This effect was related to the grain
structure enlightening that the change in mechanical properties corresponded to a
very moderate grain growth. These results were interpreted on the base of the
density of precipitates at the PPBs. The process temperatures applied were
considered too low for a complete dissolution of these nano-inclusions, so the novel
toughness properties are related to the possible ripening of the precipitates, the
separation of grain boundaries from PPBs and to the softening of the matrix. This
last result is promising since it has been demonstrated that even sub-solvus heat
treatment can result beneficial for mechanical properties of N07626, with a limited
grain growth, instead of super-solvus treatment proposed by other authors.
The research activity requires a closer examination of several open
points. The DTB transition in impact toughness was measured in several parts: a
more controlled measurement of both the oxygen content and the relative
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mechanical properties is whished in order to consolidate the statistics and the
representativeness of the data. The surface chemistry of the particle surface of the
N07626 powder was not analyzed directly prior the HIP consolidation, so further
investigations should focus on this topic. In particular the factors of weakening of
intergranular cohesion, i.e. intergranular solute segregation, should be clarified. The
fracture toughness assessment of the samples must be consolidated by a wider test
campaign in order to find a more reliable relation with the Charpy impact toughness.
Furthermore a more accurate measurement of the inclusion density and morphology
is considered important, and the application of further Electron Microscopy
techniques must be considered in order to consolidate the interpretation provided in
this work.

113

VI - Appendix
6.1 - Novel perspectives of applications of Powder Metallurgy
technologies for Oil & Gas turbomachineries
Powder Metallurgy technologies have proven to be effective and beneficial also for
the manufacturing of a variety of metal alloys that can be applied in the Oil & Gas
turbomachineries. The aim of this short appendix is to show the perspectives of
application of:
1) Hot Isostatic Pressing to the processing of titanium alloys;
2) Additive manufacturing by Selective laser Melting of Ni-base superalloys.
This chapter reports also part of the results produced in the collaboration
with GE Oil & Gas in the course of PhD that were not discussed in the body of the
thesis.
A.1 - HIP of Titanium alloys
The titanium alloys represents materials of great interest for applications
in O&G turbomachineries for the combination of extraordinary mechanical properties
and a notable corrosion resistance [92,93]. The essential mechanical characteristic
of Ti alloys is the high specific strength associated to a low density, making them
ideal for applications in which a reduction of weight is determinant. The fig. 1 shows
schematically the field of industrial application of Ti alloys with other categories of
metal alloys in term of high specific strength and operating temperature.
The titanium alloys can exhibit a variety of phase structures basically divided in three
categories: 1) a hexagonal closed packed structure called α-phase, 2) a body
centered cubic phase called β phase or 3) the stability of both previous phases in the
α+β structure. The pure titanium at room temperature has an α structure, the β
phase becomes stable at high temperaure above a value known as β-transus. A
proper alloying of the titanium makes stable also β at low temperature: this is the
basis of the development of the α+β and β alloys. Furthermore the balance of the
relative amount of α and β makes possible a great variety of mechanical behavior.
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Fig. 1: a diagram representing the industrial field of application of titanium alloys depending on
specific strength and operating temperature compared with other metallic alloys.

The application of HIP to titanium alloys have been investigated by many authors
[4,94,95], in particular regarding the advantages of HIP Net-Shape manufacturing as
demonstrated in Ref. [4,5]. The fig. 2 shows a part produced by an advanced P/M
Net shape processing adapted from Ref. [5]: the picture shows an impeller made by
Ti6Al4V for applications in liquid hydrogen and demonstrate clearly the shape
complexity that is demanded to a Net-Shape HIP manufacturing.
In the course of the PhD research activity a preliminary investigation of the
metallurgy and of the mechanical properties of the HIPped Ti alloy Ti-6Al-2Sn-4Zr6Mo was started. Some of the most relevant results were published in Ref. [96]. The
Ti-6Al-2Sn-4Zr-6Mo alloy is a high strength titanium alloys, exhibiting relatively high
toughness, whose microstructure and properties are determined by dedicated heat
treatments of solutioning and aging. The characteristic microstructure resulting by
several heat treatments above and below the β transus was investigated in detail,
with attention also to the cooling rate. In the case of fast cooling from above a sort of
critical temperature, just below the β transus, a martensitic α″ structure formed. A
valid result of the study was the analysis of the X-Ray diffraction spectrum for a
quantitative measurement of the amount of the phases. The correlation of the
microstructure with the mechanical properties was achieved by microhardness
testing, showing that the hardness is linearly proportional to the fraction of the finely
transformed β phase stable after aging. Further investigation should focus on the
optimization of the toughness and ductility of the material and the sensitivity of the
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material to the embrittlement by the accumulation of dissolved oxygen has to be
clarified.

Fig 2: HIPped impeller made by Ti-6Al-4V alloy reported as example of net-shape
manufacturing in Ref. [5].
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A.2 - Additive manufacturingof Ni-base superalloys
The additive manufacturing of metal bodies has established as a disruptive group of
technologies in recent years, with the ambition of changing dramatically the
conventional production processes [97,98]. It has been applied to a variety of metals
and alloys, including Ni-base superalloys currently used in Oil & Gas
Turbomachinery [99,100]. Among the additive manufacturing technologies, in this
appendix the Selective Laser Melting is mentioned. It is based on a precise melting
of metal powder by a laser beam; the process is repeated in many layers of melting
in order to build a 3-dimensional body [101].
As representative example of Ni-base alloy processed by SLM it is cited a detailed
investigation of the microstructure and mechanical properties of SLM processed
Inconel 718 in Ref. [99]. This work is usefull to introduce the novel metallurgical
aspects associated to the introduction of this P/M technology. The SLM materials
exhibit a characteristic microstructure with strong anisotropy resulting by the melting
layer by layer. This microstructural anisotropy is associated also to a concomitant
anisotropy of mechanical properties.
The optimization of high temperature homogenization of SLM Inconel 718 was
investigated in the PhD activities and part of the results was published in Ref. [102].
The application of the Electron Backscatter Diffraction was very useful in
characterizing the novel microstructure and in guiding in a quantitative interpretation
of the heat treatment effectiveness. A typical as-built microstructure is presented in
fig. 3a) in Inverse Pole Figure maps, the analyzed sample presents extremely
different structure along the growth direction Z (left) and in the growth plane XY
(right). It is interesting compare this columnar structure with the homogenized one
showed in fig 3b).
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b

c

d

Fig. 3: EBSD Inverse Pole Figure maps of two sample of Inconel 718 produced by Selective
Laser Melting adapted from Ref. [102]: a) as-build condition in the plane XZ orthogonal to the
deposition plane (XY); b) as-build condition in the plane XY; c) homogenized sample in in the
plane XZ; d) homogenized sample in in the plane XZ.

The advantages provided by the EBSD analysis consist in the possibility to
characterize the gradient of intra-granular misorientation, a sort of measure of how
much the crystals are distorted by the thermal stress and rapid solidification
processes. This parameter can be compared after a conventional heat treatment and
a homogenization to assess the effect of the process.
The novel challenges for researcher are not limited just to the anisotropy of the
microstructure. The behavior of the 17-4 PH stainless steel represents an exemplar
case of metallurgical properties still to clarify [103]: despite of the name (PH stands
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for precipitation hardening) the 17-4 PH processed by SLM doesn’t exhibit a regular
precipitation hardening[, and the reason is still unexplained.
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